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摘要 

高熵合金擁有優異的機械性能，其中以 CrCoNi三元中熵合金表現最為突出。

然而，單相面心立方高熵合金與中熵合金的降伏強度僅有 200 MPa 至 500 MPa，

並不適合應用於需要高降伏強度的環境中。因此，本研究設計 L12析出強化中熵

合金(CrCoNi)94Al3Nb3，透過在 700°C 和 800°C 進行時效處理，在 FCC 基底中引

入均勻分布的 L12-Ni3(Al,Nb)奈米析出物，以提高 FCC 型的中熵合金的降伏強度

和機械性能。在微結構分析顯示顯示，L12-Ni3(Al,Nb)的尺寸約為 5 至 10 奈米且

在 FCC 基底當中分布的非常均勻，此外，也發現尚未被報導過的 δ 相轉變與 HCP

相生成。在拉伸試驗中，經過 700oC 尖峰時效處理後降伏強度和極限拉伸強度分

別達到 1412 ± 22 MPa 與 1553 ± 45 MPa，且伸長率達到 7.8 ± 0.94 %。在霍普金

森快速撞擊試驗中，相較於未進行析出的中熵合金 FeCrCoNi，(CrCoNi)94Al3Nb3

在相同真實應變量下，達到約 2600MPa 的真實應力，約為 FeCrCoNi 的兩倍強

度，展現其優異的衝擊性能。在變形組織分析中，本研究，探討 L12析出物與缺

陷、疊差和變形雙晶之間的相互作用，也探討造成材料延展性下降與高降伏強度

的因素。 
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Abstract 

 High-entropy alloys (HEAs) exhibit excellent mechanical properties, with the 

CrCoNi ternary medium-entropy alloy being particularly outstanding. However, the 

yield strength of single-phase face-centered cubic (FCC) high-entropy alloys (HEAs) 

and medium-entropy alloys (MEAs) ranges approximately from 200 MPa to 500 MPa, 

which is not suitable for applications requiring high yield strength. Therefore, in this 

study, a L12 precipitate-hardening MEA, (CrCoNi)94Al3Nb3, was designed. Through 

aging treatments at 700°C and 800°C, uniformly distributed L12-Ni3(Al,Nb) nanoscale 

precipitates were introduced into the FCC matrix to enhance the yield strength of the 

FCC-type MEA. Microstructure analysis revealed that the L12-Ni3(Al,Nb) precipitates 

had sizes of approximately 5 to 10 nanometers and were distributed very uniformly 

within the FCC matrix. Additionally, the transformation of δ phase and the generation 

of hexagonal close-packed (HCP) phase were also observed. In tensile tests, after peak 

aging treatment at 700°C, the yield strength and ultimate tensile strength reached 1412 

± 22 MPa and 1553 ± 45 MPa, respectively, with an elongation of 7.8 ± 0.94%. In 

Hopkinson bar impact tests, (CrCoNi)94Al3Nb3 demonstrated a true stress of 

approximately 2600 MPa with 20% true strain, showing twice the strength of FeCrCoNi 

and exhibiting excellent impact performance compared to the non-precipitated 
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medium-entropy alloy FeCrCoNi. In the deformation microstructure analysis, this 

study explored the interactions between L12 precipitates and defects, stacking faults, 

and deformation twins. It also investigated the factors contributing to the reduction in 

material ductility and the high yield strength. 
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Chapter One Introduction 

 High-entropy alloys (HEAs) are novel alloys composed of multiple elements 

mixed with equimolar or near equimolar ratios[1-3]. HEAs can tend to form a single-

phase solid solution subjected to extremely high configuration entropy, such as 

CrCoFeMnNi (FCC), VNbMoTaW (BCC), Al20Li20Mg10Sc20Ti30(HCP)[4-6]. HEAs 

successfully resolved the problems of intermetallic compounds or second phases in 

traditional alloys. HEAs has been reported with several superior properties, such as high 

strength [7-9], exceptional cryogenic strength [10, 11], refractory applications [5, 12, 

13], and corrosion resistance [14-16]. As a result, novel designs of HEAs demonstrate 

the promising possibility of substituting conventional alloys such as stainless steels and 

nickel-based superalloys. 

 In recent years, FCC medium-entropy alloys (MEAs), such as FeCoCrNi/CoCrNi, 

have exhibited outstanding mechanical properties through reducing the stacking-fault 

energy (γ). Dislocations in low stacking-fault energy would dissociate into partial 

dislocations since it is more energy favorable. Low stacking-fault energy alloys 

maintain work hardening rate through introducing deformation twins. In other words, 

strong twinning induced plasticity (TWIP) effect dominates the deformation processes 

to increase both strength and ductility [17-20]. The stacking-fault energies of CrCoNi, 
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FeCrCoNi and CrCoFeMnNi have been reported to be 18 ± 4  (mJ ∙ m-2) 27 ± 4 

(mJ ∙ m-2) and 30 ± 5 (𝑚𝐽 ∙ 𝑚−2)  [21-23]. Low stacking-fault energy alloys 

demonstrate better mechanical properties since strong TWIP effect dominate the 

deformation processes rather than conventional dislocation interactions. Furthermore, 

high-density nanotwins and nano-HCP phases are generated, high-density bundles of 

nanotwins being favorable while reducing the stacking-fault energy. Because of its low 

stacking-fault energy, CrCoNi alloy has been found to possess a higher ultimate tensile 

strength with a better elongation as compared to FeCrCoNi and CrCoFeMnNi alloys 

[10, 22, 24, 25]. 

 Although FCC MEAs present exceptional mechanical properties, they encounter 

the problem of low yield strength. For example, the yield strength of CrCoNi is in the 

range between 350 to 500 MPa, depending mainly on the grain sizes [7, 10, 22, 23, 26, 

27]. To enhance the yield strength in FCC-based MEAs, the similar concepts of 

precipitate hardening in nickel-based superalloys were applied in MEAs [28-31]. In 

nickel-based superalloys, 𝛾′  (L12 structure) or 𝛾′′  (D022 structure) was the 

strengthening phases in the FCC matrix through adding Al, Ti, and Nb as precipitate 

forming elements [32]. In MEAs, CrCoNi or FeCrCoNi, single phase FCC, have been 

substituted the nickel matrix in nickel-based superalloys. Subsequently, Al and Ti, the 

precipitate forming elements, were added to generate 𝛾′ as the strengthening phase. 
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For example, He et al. [9] proposed a L12-precipitate hardening MEA, 

(FeCrCoNi)94Al4Ti2. Nanoscale L12-Ni3(Al,Ti) particles were successfully produced in 

the FCC matrix. The corresponding yield strength and ultimate tensile strength were 

1094 MPa and 1273 MPa, respectively with 17 % elongation. For another similar work 

[33], Zhao et al. suggested a MEA strengthened by L12-Ni3(Al,Ti) in (CrCoNi)94Al3Ti3 

alloy. The yield strength and ultimate tensile strength were 780 MPa and 1.3 GPa, 

respectively with 45 % elongation. These two works had demonstrated that L12 

particles can significantly improve the strength of FCC-based MEAs. However, some 

problems have not been resolved in the Al/Ti addition MEAs. First, the L12 particles 

were not uniformly distributed in the FCC matrix. L12 particles might have become 

abnormal coarse near the grain boundary, which were not quite effective to strength the 

alloys (see Figure 1-1) [9]. Therefore, uniformly-distributed L12 precipitate particles 

may potentially promote the yield strength to a higher level. Second, Ti addition would 

cause η-NiTi3 formation with the lamellar-like morphology [34-37]. Though η-Ni3Ti 

indeed contributed to yield strength, it would compete the Ti element with L12-

Ni3(Al,Ti), causing the non-uniformity problems (see Figure 1-2). Therefore, with Ti 

addition, a mixed precipitation microstructure of η and L12 would present in the FCC 

matrix. However, uniform nano-L12 precipitates in the FCC matrix without η phase 

might have had better potential to promote the strength in MEAs. 
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 We attempted to design a L12-precipitate hardening MEA, (CrCoNi)94Al3Nb3 

(at%). For the strong precipitate-forming elements, Al, Ti and Nb, are presumed all 

favorably to form L12-Ni3(Al,Ti,Nb). However, in the present work, the addition of Al 

and Nb without Ti to promote the formation of L12 is based on the following three 

considerations. First, without Ti addition to avoid η-NiTi3 formation, the uniformly-

distributed nano-precipitate L12 can possibly produce. Second, in the previous work of 

(FeCrCoNi)94Al4Ti2 [9], the abnormal coarsening of L12-Ni3(Al,Ti) precipitates at grain 

boundaries might be caused by grain boundary diffusion. L12-Ni3(Al,Ti) particles could 

reduce the lattice strain through coarsening, which was energy favorable, and grain 

boundaries could fast replenish Ni, Al and Ti while these elements were consumed by 

L12-Ni3(Al,Ti). Therefore, in this work, to hinder grain boundary diffusion, lattice 

misfit was created by adding Nb because Nb possessed larger atomic radii than other 

elements in this MEA, which could become obstacles of diffusion. ( 𝑎𝐶𝑟 =

166𝑝𝑚, 𝑎𝐶𝑜 = 152𝑝𝑚, 𝑎𝑁𝑖 = 149𝑝𝑚, 𝑎𝐴𝑙 = 118𝑝𝑚, 𝑎𝑇𝑖 = 176𝑝𝑚, 𝑎𝑁𝑏 = 198𝑝𝑚 ) 

[38]. Third, the optimal L12 forming elements in MEAs is approximately 6 at % [9, 39-

42]. In this work, instead of adding 6 at % Al, 3 at % Al and 3 at % Nb were added to 

generate L12 precipitates because the previous simulation results suggested that Al-Al 

bond could have caused detwinning in MEAs [43]. Excess Al addition may diminish 

the ability of twinning, which is the advantage of low-stacking fault energy alloys, 
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MEAs. 

 This work attempted to improve the strength in FCC-based MEAs through 

introducing L12-Ni3(Al,Nb) nano-precipitates in the FCC matrix. For mechanical 

properties, tensile tests were performed at room temperature for pre-aging samples and 

peak aging samples. For TEM microstructure analysis, the precipitate evolutions of 

L12-Ni3(Al,Nb) and δ-Ni3Nb will be illustrated. Additionally, a disorder HCP phase and 

ordered HCP phase have been observed in the FCC matrix, which did not been reported 

before. Furthermore, newly early-stage evidence of δ-Ni3Nb transformation from L12 

have been found. Finally, the deformed interaction of precipitates and matrix has been 

investigated in this work. 
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Figure 1-1 (FeCrCoNi)94Al4Ti2 TEM bright field image [9]. 
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Figure 1-2 FeCrCoNiTi0.2 STEM image and EDS Mapping [35].  
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Chapter Two Literature Review 

2.1 High-entropy alloy 

2.1.1 Core effects in high-entropy alloys 

1. High Entropy Effect [3] 

 According to the thermodynamic formula of Gibbs free energy (Eq. 2-1), a lower 

change in free energy (Δ𝐺𝑚𝑖𝑥) corresponds to a more stable phase. Due to the high 

mixing entropy (Δ𝑆𝑚𝑖𝑥, Eq. 2-2) of high entropy alloys, their phases differ from those 

of conventional alloys.  

Δ𝐺𝑚𝑖𝑥 = Δ𝐻𝑚𝑖𝑥 − 𝑇Δ𝑆𝑚𝑖𝑥 Eq. 2-1 

Δ𝑆𝑚𝑖𝑥 = −𝑛𝑅(𝑥1𝑙𝑛𝑥1 + 𝑥2𝑙𝑛𝑥2) Eq. 2-2 

 In general, the difference in mixing entropy (Δ𝑆𝑚𝑖𝑥 ) between solid and liquid 

phases of metals is R (gas constant), but in five-component high entropy alloys, it is 

1.61R. Therefore, high entropy alloys have more stable solid solutions, which is 

particularly evident at high temperatures, where the magnitude of −𝑇Δ𝑆𝑚𝑖𝑥 is larger, 

resulting in lower and more stable free energy (Δ𝐺𝑚𝑖𝑥). 

 Although mixing entropy (Δ𝑆𝑚𝑖𝑥) dominates the entire alloy system, the influence 

of mixing enthalpy (Δ𝐻𝑚𝑖𝑥) cannot be ignored. For example, the mixing enthalpy (Δ

𝐻𝑚𝑖𝑥 ) of intermetallic compounds is very large, but they still form in high entropy 
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alloys. Therefore, whether or not compounds form in high entropy alloys can be 

described as a result of the mutual influence between mixing entropy (Δ𝑆𝑚𝑖𝑥 ) and 

mixing enthalpy (Δ𝐻𝑚𝑖𝑥 ). For instance, (Cr, Fe)-rich borides were observed in 

AlBxCoCrCuFeNi[44]. 

 

2. Sluggish Diffusion Effect 

 Compared to pure metals or alloys with fewer types of elements, diffusion in high-

entropy alloys is very slow. This is because many different types of atoms occupy lattice 

sites, causing the potential energy of adjacent lattice positions to vary. Atoms with lower 

potential energy are more difficult to move to positions with higher potential energy, 

while atoms with higher potential energy are more likely to return to positions with 

lower potential energy. Thus, from an atomic perspective, the atoms inside high-entropy 

alloys do not move easily. 

 In multi-component high-entropy alloys, diffusion of certain elements can be very 

slow, resulting in diffusion being dominated by that element, which can be considered 

the rate-limiting factor in the kinetics. From a kinetic perspective, nano-precipitates 

with supersaturation are easily formed in high-entropy alloys because the growth of 

precipitates requires nucleation and growth, and the atoms in the alloy system need to 

be rearranged. However, the slow diffusion rate in high-entropy alloys makes the 
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growth of precipitates difficult, resulting in smaller precipitate sizes compared to 

traditional alloys. 

 Table 2-1 shows the diffusion coefficients of Ni on different FCC substrates 

obtained from the experiments by Tsai et al. [45]. It can be seen that the more complex 

the alloy system, the lower the diffusion coefficient of Ni. For applications that require 

the suppression of diffusion, such as in the IC packaging industry where a diffusion 

barrier is needed to prevent interlayer reaction, increasing the number of base elements 

can effectively lower the diffusion coefficient and greatly improve the effect of 

suppressing diffusion. 

 

Table 2-1 Diffusion coefficients of Ni in different FCC-based metal [45]. 
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3. Severe Lattice Distortion Effect 

 High entropy alloys consist of various elements with different atomic diameters, 

crystal structures, valence electrons, and electronegativities. Table 2-2 shows the basic 

properties of the elements in AlxCoCrCuFeNi [46, 47]. It can be observed that the 

atomic diameters of Co, Cr, Cu, Fe, and Ni range from 1.24-1.28 Å, while that of Al is 

1.43 Å, which is approximately 20% larger than the other atomic diameters. Therefore, 

introducing Al atoms into CoCrCuFeNi results in lattice distortion and introduces larger 

lattice strain, which enhances the material's strength and hardness. 

 

Table 2-2 Common fundamental properties in AlxCoCrCuFeNi [46, 47]. 

Element Al Co Cr Cu Fe Ni 

Atomic size 1.43 1.25 1.25 1.28 1.24 1.25 

Crystal structure at 

25oC 

FCC HCP BCC FCC BCC FCC 

Chemical valance +3 +2,+3 +3,+6 +1,+2 +2,+3 +2 

Electronegativity 1.5 1.8 1.6 1.9 1.8 1.8 

 

4. Cocktail Effect 

 High-entropy alloys contain many different elements, and the interactions between 

these elements can give rise to properties that are different from those of the constituent 

elements themselves. For example, pure aluminum has relatively low strength, but 
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incorporating Al into an AlxCoCrCuFeNi alloy in a BCC phase significantly increases 

its strength. I believe that the cocktail effect in high-entropy alloys requires more 

rigorous discussion and explanation. 

 

2.1.2 Crystal structures in high-entropy alloys 

 Some notations are used to describe the phases of high-entropy alloys. Their 

explanations are described as follows, simple/complex and ordered/disordered. 

1. Simple/Complex: Whether the common crystal structures FCC, BCC, and HCP 

can be used to express them. For example, L12 can be expressed by FCC and is 

defined as simple, while the Laves phase cannot be expressed by FCC, BCC, and 

HCP and is defined as complex. 

2. Ordered/Disordered: Whether the atoms occupy specific lattice sites. For example, 

B2 has a specific arrangement structure and is defined as ordered, while FCC has 

no specific types of atoms occupying lattice sites and is defined as disordered. 

 

 Zhang et al. and Guo et al. conducted research and found that the formation of 

simple or complex phases depends on the mixing enthalpy (Δ𝐻𝑚𝑖𝑥), mixing entropy 

(Δ𝑆𝑚𝑖𝑥), and atomic size difference (δ) [48, 49]. They summarized the thermodynamic 

criteria and superposition effect in a diagram (Figure 2-1), where the phases inside the 
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dashed line represent the simple phases: 

1. simple phase including order and disorder phase : −22 ≤ Δ𝐻𝑚𝑖𝑥 ≤ 7 (
𝑘𝐽

𝑚𝑜𝑙
)  , 

11 ≤ Δ𝑆𝑚𝑖𝑥 ≤ 19.5 (
𝐽

𝐾∙𝑚𝑜𝑙
) and δ ≤ 8.5 

2. simple disorder phase : −15 ≤ Δ𝐻𝑚𝑖𝑥 ≤ 5 (
𝑘𝐽

𝑚𝑜𝑙
) , 12 ≤ Δ𝑆𝑚𝑖𝑥 ≤ 17.5 (

𝐽

𝐾∙𝑚𝑜𝑙
) 

and δ ≤ 4.3 

Figure 2-1 Overview of stacking effects of Δ𝐻𝑚𝑖𝑥  , Δ𝑆𝑚𝑖𝑥  and δ (○ represents amorphous alloys，● 

represents atomic ratio amorphous alloys，□ represents single phase，△  represents intermetallic 

compounds) [49]. 

 

 The results of this study are consistent with the traditional concepts of 

thermodynamics. If Δ𝐻𝑚𝑖𝑥 is a large positive value, the material tends to be unstable 

and prone to separation. Conversely, if Δ𝐻𝑚𝑖𝑥 is a large negative value, the material 

tends to form intermetallic compounds (IMCs). A larger Δ𝑆𝑚𝑖𝑥 favors the formation 
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of simple phases in stable high-entropy alloys, while hindering the formation of 

complex phases such as Laves phases. A larger atomic size difference (δ) leads to larger 

strains within the crystal lattice, making the material more unstable. 

 

2.1.3 High-entropy alloy categorization  

 The current mainstream high-entropy alloys can be roughly divided into three 

types. There are as-cast HEAs, low stacking-fault energy HEAs, and precipitate-

hardening HEAs. 

1. As-cast high-entropy alloy 

 Without undergoing subsequent heat treatment, the strengthening effect is mainly 

achieved through a plate-like structure, as exemplified by AlCoCrCuFeNi [50], 

AlxCoCrCuFeNi [51], and AlCoCrFeNi [52].  

 The typical cast microstructure is shown below.  

Figure 2-2 shows the spinodal decomposition TEM bright field image of 

AlxCoCrCuFeNi alloy with x=1.0[51], where the α-phase has a disordered A2 structure 

and the β-phase has a disordered B2 structure.  

Figure 2-3 shows the Widmanstätten precipitate TEM bright field image of 

AlxCoCrCuFeNi alloy with x=1.5 [23]. 
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Figure 2-2 TEM bright field image of spinodal decomposition in AlxCoCrCuFeNi, x = 1.0 [51]. 
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Figure 2-3 TEM bright field image of spinodal decomposition in AlxCoCrCuFeNi, x = 1.5 [51]. 

2. Low stacking-fault energy high-entropy alloys 

 By reducing the stacking fault energy to generate more deformation twins, strength 

can be enhanced, particularly in single-phase face-centered cubic systems, such as 

CrMnFeCoNi [53]、CrCoNi [54]、CrCoNiSix [55]. Figure 2-4 shows the TEM bright 
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field images and dark field images of nanoscale deformation twins in CrCoNi. 

 

Figure 2-4 TEM images of CrCoNi deformation evolution under different strain after tensile test with 

0.001s-1 strain rate (a)𝜀 = 9.7% (b)𝜀 = 12.9% (c)𝜀 = 38.3% [54].  
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3. L12-precipitate hardening high-entropy alloys  

 Based on a single-phase face-centered cubic system, the precipitation of L12 phase 

is utilized to enhance mechanical properties, as demonstrated in (FeCoCrNi)96Ti2Al4 

[9], (CoCrNi)Al3Ti3 [33], (CrCoNi)93Al4Ti2Nb [56]. Figure 2-6 and Figure 2-6 and 

shows the bright field and dark field TEM images of (FeCoCrNi)96Ti2Al4 , where the 

small dots correspond to L12-Ni3(Al,Ti) precipitates.  

 

Figure 2-5 Bright field image of (FeCoCrNi)96Ti2Al4 [9]. 
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Figure 2-6 dark field image (right) of (FeCoCrNi)96Ti2Al4 [9]. 
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2.2 Concepts of precipitation in nickel-based superalloys 

related to high-entropy Alloys 

 Nickel-based superalloys can be applied in many harsh environments, such as 

aircraft engine blades, marine propellers, submarines, nuclear reactors, and more. In 

high-temperature environments, nickel-based superalloys can maintain excellent 

strength, toughness, resistance to creep and corrosion, have a long life under continuous 

stress at high temperatures, and can maintain a certain level of mechanical properties 

[30, 57]. The performance of nickel-based superalloys in high-temperature 

environments is superior to other types of superalloys, and will be discussed in more 

detail in the following chapters. Table 2-3 shows the composition of various 

commercial nickel-based superalloys [30], and Table 2-4 illustrates the basic properties 

of nickel-based superalloys. 
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Table 2-3 chemical composition of Ni-based superalloys (wt%, bal Ni) [30]. 

 

Table 2-4 the basic properties of nickel-based superalloys [58]. 
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2.2.1 Strengthening mechanisms and microstructures in Ni-based superalloys 

 The strengthening mechanism of superalloys is based on nickel, which is typically 

used as the substrate in a face-centered cubic (FCC) crystal structure, with the addition 

of 5-10 different elements. The added elements do not exceed 40 wt%, as shown in 

Figure 2-7 of commonly added alloy elements in nickel-based superalloys [59]. The Ni-

Al binary system is the basis of nickel-based superalloys, where Ni3Al, also known as 

γ´, with an L12 crystal structure, is formed in this system. Many nickel-based 

superalloys are derived from modifications of the Ni-Al system [30]. γ´ is formed as a 

supersaturated solid solution of γ-Ni below the liquidus line. The growth kinetics of γ´ 

is highly dependent on the cooling rate below the liquidus line, for example, when the 

cooling rate is 40K/min, the γ´ size presents a unimodal distribution of approximately 

300-500nm, but when the cooling rate continues to decrease, the γ´ size shows a 

bimodal distribution, with sizes greater than 500nm and smaller than 50nm. 

 In nickel-based superalloys, the volume ratio of γ´ is one of the key factors in 

material strengthening. Even with the addition of several alloy elements, the material 

still maintains a γ + γ´ structure. Figure 2-8 shows the structure of a typical nickel-based 

superalloy[58], where after 1310°C /2 h + 1313°C /2 h + 1130°C /4 h + 900°C /16 h, γ´ 

presents a rectangular distribution in γ. In addition, refractory elements (Mo, W, Nb, 

Re) have significantly different electronic energy levels and atomic radii from Ni, and 
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appropriate addition can effectively increase the material's melting point. The addition 

of Ti, Ta, and Nb promotes the formation and strengthening of γ´ [60, 61], while the 

addition of B and C forms borides and carbides, respectively, controlling the grain size. 

 Figure 2-9 shows the microstructure image of a nickel-based superalloy airplane 

engine blade after use [30]. The block-shaped γ´ and the substrate γ can be observed in 

the figure. The block-shaped γ´ can effectively hinder the initial dislocation slip, making 

the dislocation need to pass through the channel of γ to move, and the dislocation 

aggregates in the channel of γ, which can effectively hinder the dislocation movement. 

After more severe deformation, the shear force on the dislocation is sufficient to 

penetrate γ´, causing the formation of dislocations in both γ and γ´, which mutually 

restrain each other. Due to the difference in lattice constants between γ and γ´, the 

sliding of dislocations in both phases is relatively difficult, achieving the strengthening 

effect. 
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Figure 2-7 common additives in Ni-based superalloys [59]. 

 

Figure 2-8 Microstructure of refractory element addition in Ni-based superalloys (a) SEM inage (b) 

EDS mapping [58]. 
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Figure 2-9 Microstructure image of a nickel-based superalloy aircraft engine blade after services. [30]. 

 

2.2.2 Influence of lattice misfit in Ni-based superalloys 

 The degree of coherency in a certain alloy system is often discussed in terms of 

lattice misfit (δ). Eq. 2-3 defines the lattice misfit (δ), which can be either positive or 

negative. For example, in nickel-based superalloys, when Al (0.143Å) is added to 

replace Ni (0.125Å), δ is a positive value, indicating that the insertion of Al atoms will 

cause an expansion micro stress in the lattice. 
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 In nickel-based superalloys, the lattice constant of γ´ is generally larger than that 

of γ at room temperature, but the lattice constant of γ´ is generally smaller than that of 

γ at high temperatures due to the different thermal expansion coefficients of the two 

phases [62, 63]. The lattice misfit (δ) of the γ phase itself is also influenced by the solid 

solution of solute atoms [64]. 

𝛿 = 2 × [(𝑎𝑟′ − 𝑎𝑟)/(𝑎𝑟′ + 𝑎𝑟)] Eq. 2-3 

 The degree of lattice misfit (δ) directly affects the growth of precipitates. The 

coarsening of precipitates is due to the interfacial energy between γ and γ´. At high 

temperatures, the coarsening of precipitates can reduce the interfacial energy between 

them. Therefore, the smaller the degree of lattice misfit (δ), the smaller the interfacial 

energy between γ and γ´, making the phase relatively stable. In addition, JS Van et al. 

have shown that if the lattice misfit (δ) is too small[65], the precipitates will form a 

spherical structure instead of a blocky structure, which is not conducive to 

strengthening the material and resisting creep. Figure 2-10 shows the effect of lattice 

misfit on the microstructure of nickel-based superalloys. The study suggests that the 

optimal degree of lattice misfit is 0.4 and the optimal volume ratio of γ´ is 0.6.
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Figure 2-10 Influence of lattice misfit to microstructure in Ni-based superalloys [65]. 

 

2.2.3 TCP phases in Ni-based superalloys 

 The full name of the TCP phase is topologically close-packed phase, and the 

commonly known Laves phase is a type of TCP phase that is generally considered 

harmful to materials. Related studies have shown that adding refractory elements (Re, 

Mo, W, etc.) to nickel-based superalloys is beneficial to the formation of TCP phases 

[66, 67]. The formation of TCP phases is mainly dominated by element diffusion. 

Xianzi et al. [68]found that Re, as an element with a very slow diffusion rate, can reduce 

the overall diffusion rate of materials when added to nickel-based superalloys, and can 
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also enhance the segregation of other elements in the γ and γ´ phases. For example, in 

the γ´ phase, Ni, Al, Ti, and other elements are mainly present. After adding Re, the 

proportion of Ni, Al, Ti, and other elements in the γ´ phase will increase.  

 The generation of TCP phases is related to temperature, pressure, and time. Figure 

2-11 shows the effect of changing time and temperature on the microstructure of TCP 

phases. Observation of the results of the high-temperature test of nickel-based 

superalloys at 950°C shows that the needle-shaped TCP phases grow along the γ/γ´ 

interface, and the proportion of TCP phases increases with time. When the temperature 

is increased to 1100°C, the γ/γ´ interface gradually becomes fuzzy, and the TCP phases 

do not grow according to a certain rule. In principle, they avoid growing in the γ´ phase, 

and the shape of the TCP phases becomes thicker and shorter. In summary, TCP phases 

inhibit nucleation rate but grow faster in high-temperature environments. As the test 

time is prolonged, TCP phases tend to form a lath-like structure. 
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Figure 2-11 TCP phases evolution in Ni-based superalloy under different temperature and time [69].  
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2.3 Alloy design 

 For L12-strengthened high-entropy alloys, the FCC + L12 system is the most ideal, 

also written as γ + γ´. Three-element, four-element, or five-element high-entropy alloys 

in the CrCoFeMnNi system are commonly used as substrates, among which Al, Ti, and 

Nb are used as stabilizers to promote the formation of L12 [42]. 

 

2.3.1 The impact of adding Al on high-entropy alloys 

 Al is considered a stabilizer for L12 phase, but literature indicates that adding Al 

alone to medium/high entropy alloys is not enough to stabilize L12. If too much Al is 

added, B2 phase may precipitate in the alloy, making the material brittle. 

 In the as-cast state, L12 phase can be found in Al0.3CoCrFeNi [70] and 

Al0.3CuCrFeNi2[71] , but the L12 phase in Al0.3CoCrFeNi can only be stable at 550°C. 

When the temperature is increased to 700°C, the L12 phase will transform into B2-NiAl. 

The stability of L12 phase in Al0.3CuCrFeNi2 is better than that in Al0.3CoCrFeNi 

because Cu can stabilize the nucleation of L12 phase. 

 By changing the Al content in AlxCuCrFeNi2 [72], it can be observed that 

increasing the aluminum content does not effectively stabilize the L12 phase. Instead, 

it forms other phases and structures (as shown in Table 2-5), which are in the order of 
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FCC solid solution, FCC+L12, FCC+L12/BCC+B2, and BCC+B2. Therefore, adding 

an appropriate amount of Al is more appropriate. 

 

Table 2-5 Composition and phase ratio of AlxCuCrFeNi2(as-cast) [72]. 

Comp(x) fcc1 fcc2 bcc+B2 Rwp(fit%) 

 a(Å) wt(%) a(Å) wt(%) a(Å) wt(%)  

0 3.584 74(fcc) 3.599 24(Cu-rich fcc) 2.874 2 23.37 

0.8 3.604 16(Cu-rich fcc) 3.599 74(L12) 2.873 10 20.44 

1.0 3.618 12(Cu-rich fcc) 3.600 51(L12) 2.874 37 24.51 

1.3 3.623 20(Cu-rich fcc) 3.595 4(fcc) 2.877 76 17.10 

1.5 3.636 20(Cu-rich fcc) - - 2.880 80 16.51 

 

2.3.2 The impact of adding Ti on high-entropy alloys 

 Using single-phase FCC medium/high-entropy alloys as a base, adding a suitable 

amount of Al and Ti can precipitate nano-scale L12 phase Ni3(Al,Ti) and achieve 

excellent mechanical properties, such as (CoCrNi)94Al3Ti3[33] and (FeCoNiCr)94Ti2Al4 

[9]. However, excessive Ti elements will form incoherent precipitates such as L21 

Heusler phases or η phases, both of which will cause embrittlement of the material. It 

is worth mentioning that in the two successful cases mentioned above, L21 Heusler 

phases and η phases were still found, but the amount precipitated was very small and 

not enough to cause serious material embrittlement. 

 Research by He et al. [9] suggests that (FeCoNiCr)94Ti2Al4 may contain secondary 

phases such as σ, μ, Laves, B2-NiAl, BCC, carbides, L12 phases, and L21 Heusler 
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phases. Among them, L12 phase is relatively stable at 650-850°C, but when the 

temperature is higher than 850°C, a large amount of Heusler phases precipitate, causing 

serious material embrittlement. Therefore, when conducting aging treatment, a 

temperature below 850°C should be used to avoid the formation of L21 phases. 

 

2.3.3 The impact of adding Nb on high-entropy alloys 

 Regarding Nb, Slone et al. added Al and Nb to precipitate the L12 phase [73], using 

elements such as Al, Co, Cr, Fe, Nb, and Ni. The study found that Nb tends to bond 

with Co and Fe, and that adding too much Nb will result in the formation of brittle 

Laves or B2 phases (as shown in Figure 2-12). So far, an optimal alloy composition has 

not been found. In the study, as the alloy composition approaches equiatomic 

proportions, the entropy of the alloy system increases, causing both the melting point 

of the substrate and the L12 phase to decrease, resulting in poorer high-temperature 

performance of the material. 
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Figure 2-12 SEM image of B2-NiAl and C14-Laves(Nb,Co) in Al8.8Co29Cr19Fe18Ni20.4Nb4.8 after 1000°

C aging treatment [73]. 

 

 Ma et al.'s research indicated that by varying the Nb content (x=0, 0.1, 0.25, 0.5, 

0.75) in AlCoCrFeNbxNi without homogenization and annealing [74], typical as-cast 

microstructures were observed using SEM (see Figure 2-13). Figure 2-14 shows the 

AlCoCrFeNbxNi phase diagram based on the experimental results drawn by Ma et al. 

It can be seen that even if the Nb content is reduced to avoid the brittle Laves phase, 

the substrate is not an ideal FCC but rather a BCC. Therefore, to generate a stable 

FCC+L12 structure, the Al content should be appropriately reduced to enable the 

formation of an FCC structure. 
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Figure 2-13 SEM image of (a)AlCoCrFeNb0.1Ni (b) AlCoCrFeNb0.75Ni [74]. 

 

 

Figure 2-14 Empirical phase diagram of AlCoCrFeNbxNi [74]. 
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 Regarding the effect of individual elements, Fe suppresses the nucleation of L12 

phase because Fe and Nb will form Nb-rich Laves phase. The effect of Co is not yet 

clearly explained, as some studies have shown that Co reduces L12 phase, while others 

have shown that Co stabilizes L12 phase. This part still needs to be clarified. 
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2.4 Thermal stability of L12 phase 

2.4.1 Fundamentals of high-entropy alloys and Ni-based superalloys 

 Tsao et al. [75] showed that the thermal stability of a material is related to its 

atomic bonding strength. Stronger atomic bonding can enhance the thermal stability of 

a material. The stability of a material can be determined by thermodynamic calculations. 

Table 2-7 show a series of simulation calculations on the binary mixing enthalpy (ΔHmix) 

of each atom by Takeuchi et al. [76]. 

 Assuming that the mixing entropy (ΔSmix) of each system is the same, the thermal 

stability of L12-Ni3(Al, Ti) in nickel-based superalloys and medium-entropy alloys in 

NiCoFe can be compared using the mixing enthalpy (ΔHmix). The main bonds in 

nickel-based superalloys and L12-Ni3(Al, Ti) are Ni-Al (-22 kJ/mol) and Ni-Ti (-35 

kJ/mol). In NiCoFe medium-entropy alloys, in addition to Ni-Al and Ni-Ti bonds, more 

Ni is replaced by Co, resulting in Co-Al (-19 kJ/mol) and Co-Ti (-28 kJ/mol) bonds. 

The overall mixing enthalpy (ΔHmix) of NiCoFe medium-entropy alloys increases. 

According to Eq. 2-4,the free energy (ΔGmix) also increases, making the system less 

stable. Therefore, from the perspective of mixing enthalpy (ΔHmix), the liquid phase 

line temperature in the phase diagram will decrease, consistent with the simulation trend. 

Δ𝐺𝑚𝑖𝑥 = Δ𝐻𝑚𝑖𝑥 − 𝑇Δ𝑆𝑚𝑖𝑥 Eq. 2-4 
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 The conventional working temperature of nickel-based superalloys is about 900°C. 

In high-temperature environments, TCP (Topologically Close Pack) phases are easily 

formed inside the material, and suppressing the generation of TCP phases is one of the 

challenges for the application of materials at high temperatures. For example, the 

RR2071 and Rene N6 series nickel-based superalloys start to generate TCP phases after 

900°C/100h aging treatment [77, 78], but the medium-entropy alloy HA-3 does not 

generate TCP phases after 900°C/300h aging treatment [75], indicating that 

medium/high-entropy alloys have certain potential for high-temperature applications. 

Three alloys, Hastelloy X [79], RR2071 [77]與 HA-3 [75], are compared and discussed 

below: 

1. Hastelloy X (Ni-22Cr-18.5Fe-9Mo-1.5Co-0.6W-0.15C wt%) 

2. RR2071(Ni-6.6Cr-4.5Mo-9.5Co-5.6Al-1.3Ti-0.3Nb-2.8Re-7.3Ta wt%) 

3. HA-3(Ni-11.7Cr-11.8Fe-22.3Co-3.9Al-6.3Ti wt%) 

 Hastelloy X contains a higher amount of Cr and Fe, which easily forms Fe-Cr-rich 

σ phase. RR2071 does not contain Fe and has a significantly reduced Cr content. Instead, 

it contains more refractory elements to improve high-temperature properties, but a large 

amount of μ phase forms at 900°C. HA-3 contains Fe and a higher amount of Cr, but 

no formation of TCP phase was observed. 

 From the perspective of mixing entropy (ΔSmix), the mixing entropy (ΔSmix) of 
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nickel-based superalloys is much lower than that of entropy alloys in NiCoFe. Eq. 2-5 

and Eq. 2-6 are formulas for mixing entropy (ΔSmix) in binary and multicomponent 

alloy systems. The chemical compositions can be obtained from Table 2-8. Taking 

CM247LC nickel-based superalloy [80] and HA-1 entropy alloy as examples, their 

mixing entropies (ΔSmix) are 1.17R and 1.55R, respectively. Experimental results 

indicate that higher mixing entropy (ΔSmix) can stabilize the γ phase, improve the solid 

solubility of alloy elements, reduce the formation of L12 phase and suppress the 

formation of TCP phase, thereby improving its performance in high-temperature 

environments. 

Δ𝑆𝑚𝑖𝑥 = −𝑛𝑅(𝑥1𝑙𝑛𝑥1 + 𝑥2𝑙𝑛𝑥2) Eq. 2-5 

Δ𝑆𝑚𝑖𝑥 = −𝑛𝑅 ∑(𝑥𝑖𝑙𝑛𝑥𝑖) 

𝑘

𝑖

 Eq. 2-6 
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Table 2-6 binary mixing enthalpy(Δ𝐻𝑚𝑖𝑥) by Miedema [76]. 

  



doi:10.6342/NTU202302391

40 

 

Table 2-7 binary mixing enthalpy(Δ𝐻𝑚𝑖𝑥) by Miedema [76]. 
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Table 2-8 The chemical composition of γ/γ' and the liquidus temperature of γ' in NiCoFe high-entropy 

alloys and conventional nickel-based superalloys [75]. 

 Otto et al. conducted a series of simulations on single-phase high-entropy alloys 

[81], and Troparevsky et al. visualized the results in a graphical representation (as 

shown in Figure 2-15) [82]. The pink central area in the figure represents the mixing 

enthalpy (Δ𝐻𝑚𝑖𝑥) of common high-entropy alloy elements, and it can be seen that the 

values of Δ𝐻𝑚𝑖𝑥  are relatively small, indicating that they are not prone to the 

formation of intermetallic compounds (IMC) and can form stable single-phase solid 

solutions. In the figure, Fe-Mo and Ni-Ti have particularly high values of Δ𝐻𝑚𝑖𝑥 . 

Taking these two element pairs as examples, Fe-Mo is often used in refractory steel due 
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to the addition of Mo, which prevents the growth and dissolution of precipitates at high 

temperatures. Ni-Ti, on the other hand, is often used in nickel-based superalloys to 

precipitate Ni3Ti. In recent years, it has also been applied to high-entropy alloys to 

precipitate Ni3Ti, which has shown excellent performance in high-temperature 

environments [83]. 

Figure 2-15 Simulated binary mixing enthalpy of single phase high-entropy alloys [82]. 

 

 Figure 2-16 shows the results of Troparevsky et al.'s first-principles (DFT) 

simulations of binary mixing enthalpy (Δ𝐻𝑚𝑖𝑥) of high-entropy alloy elements [82]. 
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Taking (FeCoNiCr)94Ti2Al4, which only forms L12-Ni3(Al,Ti), as an example [9], the 

binary mixing enthalpies (Δ𝐻𝑚𝑖𝑥) of Fe-Ti, Co-Ti, Ni-Ti, and Cr-Ti are -418, -386, -

435, and -372 meV/atom, respectively. According to thermodynamic criteria, if only 

one type of precipitation occurs in the alloy system, Ni-Ti phase is expected to appear 

due to its lowest binary mixing enthalpy (Δ𝐻𝑚𝑖𝑥). In (FeCoNiCr)94Ti2Al4, only L12-

Ni3(Al,Ti) was found, and no other Ti-containing phases were observed, which is 

consistent with the results. 

 In addition, Gerold et al. found that the binary mixing enthalpy(Δ𝐻𝑚𝑖𝑥) of Nb-Fe 

is  -2505 meV/atom, while those of Nb-Co, Nb-Cr, and Nb-Ni are -178, -47, and -316 

meV/atom, respectively. The binary mixing enthalpy (Δ𝐻𝑚𝑖𝑥) of Nb-Fe is much larger 

than that of the other three groups, so according to thermodynamic criteria, a large 

amount of Nb-Fe intermetallic compounds is expected to appear. This result is 

consistent with Slone et al.'s study[73], which found a significant amount of (Fe-Nb)-

rich Laves phase in AlCoCrFeNbxNi. 
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Figure 2-16 

First principle simulated binary mixing enthalpy of single phase high-entropy alloys [82]. 
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2.4.2 Thermal stability of L12 precipitates 

 In order to apply superalloys in even higher temperature environments, previous 

researchers have developed nickel-based refractory superalloys by adding refractory 

elements such as Mo, Ta, W, and Re. The precipitates inside the superalloys do not 

easily grow, so they can maintain certain mechanical properties at high temperatures. 

Zhao et al. pointed out in their research that L12-Ni3(Al,Ti) in (NiCoFeCr)94Ti2Al4 has 

good thermal stability due to the slow diffusion effect in high-entropy alloys [83], and 

the growth rate of L12-Ni3(Al,Ti) is much slower than that of nickel-based refractory 

superalloys (as shown in Figure 2-17), for example, the coarsening rate of 

(NiCoFeCr)94Ti2Al4 at 800°C is one-tenth of that of Inconel 939. In addition, its peak 

aging treatment is at 750°C / 48 h (as shown in Figure 2-18, while the peak aging 

treatment for traditional nickel-based superalloys is less than 750°C / 10 h, such as Ni-

Al, Ni-Ti, and Inconel 718, proving that L12-Ni3(Al,Ti) in (NiCoFeCr)94Ti2Al4 is less 

likely to grow, which is consistent with the study on coarsening rate, and shows that 

this precipitate has considerable superior thermal stability in this alloy system. 
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Figure 2-17 Corasing rate of Ni-based superalloys and (NiCoFeCr)94Ti2Al4 under different temperature 

interval(a)550oC-950oC (b)700oC-900oC [83]. 
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Figure 2-18 Hardness and aging time relationship in (NiCoFeCr)94Ti2Al4 [83]. 
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2.5 Mechanical properties and microstructures of L12 

precipitate hardening high-entropy alloys 

2.5.1 Introduction to high-entropy alloy precipitate hardening 

 "Precipitation hardening" refers to the process of improving the strength of 

materials by obstructing dislocation movement through the generation of precipitates. 

Precipitates in high-entropy alloys can generally be divided into two categories: 

1. Incoherent precipitates 

Examples include B2-NiAl, η-phase, σ-phase, and μ-phase. Research has shown 

that incoherent precipitates can cause material embrittlement, which is not conducive 

to simultaneously improving strength and ductility. He et al. found that the degree of 

embrittlement caused by incoherent precipitates is related to the number of precipitates. 

Although L21-Heusler phase has been found in (NiCoFeCr)94Ti2Al4, the number of 

precipitates is not significant enough to cause serious embrittlement effects. 

2. L12 coherent precipitates: 

L12 precipitates are most commonly used in nickel-based superalloys, but in recent 

years there has been much research on L12 precipitation in high-entropy alloys, such as 

L12-Ni3(Al,Ti) in (FeCoCrNi)94Ti2Al4 [9] and L12-Ni3Ti in FeCoNiCrTi0.2 . Table 2-9 

shows the tensile test results of L12-precipitation strengthened high-entropy alloys. The 

high-entropy alloys listed in the table are all based on a single-phase FCC structure. 
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Several studies with outstanding strength and ductility performance are enumerated as 

follows: (FeCoCrNi)94Ti2Al4 has a tensile strength and elongation of 1.27 GPa and 17%, 

respectively [9], while (CoCrNi)Al3Ti3 has a tensile strength and elongation of 1.3 GPa 

and 45%, respectively [33]. 

 Figure 2-19 compares the tensile strength and elongation of solid solution 

strengthened superalloys (SSH), precipitation hardened superalloys (PH), and 

(CoCrNi)94Al3Ti3, which achieves strengthening through L12 precipitates. From the 

figure, we can see that this material does not sacrifice ductility to improve strength, but 

instead exhibits outstanding performance in both strength and elongation. 
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Table 2-9 Tensile test results of L12-PH high-entropy alloys [42]. 

 

 

Figure 2-19 Comparison chart of tensile strength and elongation of solid solution strengthened 

superalloys (SSH-superalloys), precipitation hardened superalloys (PH-superalloys), and 

(CoCrNi)94Al3Ti3 [33].  



doi:10.6342/NTU202302391

51 

 

2.5.2 Dislocation pair and anti-phase boundary 

 If a material is strengthened through coherent precipitates, a large part of its 

deformation behavior depends on the "size of the precipitates". For example, in Co-rich 

superalloys [84, 85], the initial deformation behavior is mainly due to dislocation pairs 

on the anti-phase boundary (APB) with 1/2〈110〉, and as the precipitates grow, the 

deformation behavior transitions to being dominated by stacking-faults (SF) with 

partial dislocations expressed by 1/6〈112〉, and finally to Orowan bypassing. 

Additionally, Chaturvedi and Miao [86, 87] also found shear behavior of dislocation 

pairs and APBs in nickel-based superalloys. 

 Miao et al. had a more in-depth discussion regarding dislocation pairs [56]. Their 

study analyzed the microstructure of (CrCoNi)93Al4Ti2Nb cast state after cold rolling 

and 1050°C solid solution treatment followed by water quenching. The study did not 

specify the duration of the solid solution treatment. After the above process, the original 

γ phase and LRO (long-range order) L12 area can be found in the material. Figure 2-20 

shows TEM analysis of LRO L12 in (CrCoNi) 93Al4Ti2Nb. By selecting the diffraction 

point of 011 using the SAD circle in (b), it can be observed from the dark field image 

in (a) that the distribution of precipitates is very chaotic, and the size of the precipitates 

is generally small, all below 5nm. 

 In (CrCoNi)93Al4Ti2Nb, many dislocation pairs can be observed slipping on the 
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slip plane {111}. Through observation of the [100] zone, a very clear dislocation pair 

can be seen in  Figure 2-21 and Figure 2-22 has a clearer image, and the schematic 

diagram of its formation mechanism can be referred to in Figure 2-23 and Figure 2-24. 

Assuming that the L12 area is dominated by Ni3Ti, when a single dislocation pair needs 

to penetrate the L12 area under shear force, the bonds in L12 will change from Ni-Ti 

bonds to Ni-Ni and Ti-Ti bonds, forming an anti-phase boundary (APB), with a 

displacement of a Bragg vector (b⃑ ). For the material, this is a relatively unstable state, 

so a large amount of energy is needed for a single dislocation pair to penetrate the L12 

area, which achieves the effect of strengthening the material. In addition, the APB of 

the L12 area under shear of a single dislocation pair is an unstable state, so usually 

another dislocation pair is involved in the process of penetration, which is called a 

dislocation pair, and after two shear processes, the L12 area still maintains Ni-Ti bonds, 

which is a more stable state for the material. 

 Mutipole is another special microstructure in (CrCoNi)93Al4Ti2Nb. Figure 2-25 

shows the schematic diagram of the formation mechanism of mutipole. Here, the array 

of dislocations on the slip plane is called an array. Assuming that two arrays collide 

with each other and the distance between them (Y) is short enough to interact, the 

Burgers vector (b⃑ ) of the front dislocations in the two arrays cancels out to 0. From the 

perspective of strain energy, the mutual cancellation of the two dislocations can reduce 
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the strain energy in the lattice. Therefore, this phenomenon will occur and the front 

ends of the two arrays will constrain each other to form a dipole [88, 89]. The 

dislocations behind the two arrays can break the first dipole and form two dipole pairs, 

which not only reduce more strain energy but also enable the material to continue to 

accept deformation from shear bands. As the interaction between the two arrays 

becomes stronger, mutipole can be formed, and the two arrays can not only constrain 

each other but also hinder the slip of dislocations in another direction. 

 

Figure 2-20 TEM analysis of LRO L12 in (CrCoNi)93Al4Ti2Nb (a)dark field inage (b) [011]zone 

diffraction pattern (c) intensity distribution of figure b (d) intensity distribution of figure b in a larger 

scale [56].  
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Figure 2-21 STEM images of (CrCoNi)93Al4Ti2Nb under [100] zone: (a) low magnification, (b) 

dislocation pairs on the slip plane, (c) multipole on the slip plane, and (d) interaction between multipole 

on (11̅1) and dislocations on (111) slip plane [56]. 
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Figure 2-22 TEM analysis of LRO L12 in (CrCoNi)93Al4Ti2Nb: (a) dark-field TEM image, (b) diffraction 

pattern under [011] zone, (c) intensity distribution of the virtual line in image (b) marked with dashed 

line, and (d) enlarged image of (c) showing the intensity distribution [56]. 

 

Figure 2-23 Schematic diagram of dislocation pairs penetrating the γ' phase via shear force [56].  
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Figure 2-24 Schematic diagram of dislocation shearing the γ' phase to generate a reverse boundary. 

 

Figure 2-25 schematic diagram of mutipole formation mechanism [56]. 
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2.5.3 Impacts of L12 phase on the deformation mechanism 

 Although the phenomenon of dislocation movement along the slip planes can be 

observed in both CrCoNi and (CrCoNi)93Al4Ti2Nb, there are many differences in the 

deformation mechanism between the two. In CrCoNi, a large number of deformation  

twin boundaries or local FCC to HCP transformation microstructures can be found [90], 

but neither of these two phenomena were observed in (CrCoNi)93Al4Ti2Nb. This 

phenomenon can be discussed by calculating the critical twin stress (τcrit) [91]. 

 bp is the Burgers vector of partial dislocations, and γ is the stacking-fault energy 

(SFE). For CrCoNi, γ = 16
mJ

m2  , τcrit,theo = 256 Mpa, which is in agreement with the 

experimental measurement result of τcrit,expi = 260 ± 30 Mpa. Because the LRO L12 

region exists in (CrCoNi)93Al4Ti2Nb, the calculation method of τcrit is modified [56], 

where γm is the SFE of the FCC matrix, fm is the area ratio occupied by the FCC 

matrix in the system, γord is the complex stacking fault energy from the L12 phase, 

ford  is the area ratio occupied by the L12 phase in the system. Using 

(CrCoNi)93Al4Ti2Nb for the modified calculation, γ = 25
mJ

m2  , τcrit,theo = 400 Mpa, 

which is significantly higher than that of CrCoNi, indicating that the critical shear stress 

for generating deformation twins is higher in (CrCoNi)93Al4Ti2Nb. Using the Taylor 

factor measured by EBSD, a value of 3.1 is obtained, and estimating the critical stress 

for the formation of deformation twins using the Taylor factor gives a value of 1240 
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MPa, which is lower than the tensile strength of (CrCoNi)93Al4Ti2Nb, which is 1346 

MPa. This estimation suggests that deformation twins are not easily formed in 

(CrCoNi)93Al4Ti2Nb. 

  

2.5.4 Microstructure of precipitation strengthened high entropy alloy of typical L12 phase 

Figure 2-26 shows the microstructure of (CoCrNi)94Al3Ti3 after 2% deformation, 

where typical planar slip can be observed. The material undergoes slip along two 

directions with a slip plane of {111}. The included angle between the two slip planes 

in the image is 71°, and the average spacing of criss-crossing planes is 200nm. In 

addition, both short-range order (SRO) and long-range order (LRO) in the substrate 

and precipitates increase the chance of planar slip in the material [92]. (b) The TEM 

image in the CP (continuous precipitate) region shows smaller and more evenly 

distributed precipitates, with stacking fault fringes and pair-wise dislocations 

indicating that the L12 precipitates undergo stacking fault shearing or anti-phase 

boundary (APB) shearing. (c) The TEM image in the DP (discontinuous precipitate) 

region shows more varied sizes and distribution of precipitates, but all precipitates are 

found to undergo stacking fault shearing regardless of their size. Furthermore, no 

Orowan loops were found in (CoCrNi)94Al3Ti3.. 

 

Figure 2-27 shows the microstructure of (CoCrNi)94Al3Ti3 after 30% deformation, 
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where a large amount of stacking faults can be observed in both CP and DP regions. 

Stacking faults serve as a source of plastic deformation strengthening. It is noteworthy 

that in the CP region, stacking faults can be observed in two directions belonging to 

two {111} planes, while in the DP region, stacking faults are only observed in one 

direction, which the authors attribute to the shape of the precipitates in the DP region. 

Furthermore, no deformation twins were found in this image, as no twin diffraction 

spots were observed in the diffraction pattern. When imaging the positions belonging 

to twin diffraction spots using the aperture, no twin structure was observed. 

 Figure 2-28 shows the microstructure and EDS elemental analysis of 

(CoCrNi)94Al3Ti3 after 30% deformation. In (a), a significant banded structure 

precipitate can be observed, which was identified by EDS and diffraction patterns as 

L12-Ni3(Al,Ti). A large number of stacking faults and very few nanotwins can be found 

in the banded structure. It is very difficult to observe nanotwins in (CoCrNi)94Al3Ti3, 

which only accounts for about 2.5% of defects in the material, while stacking faults 

dominate. These deformed nanotwins are believed to nucleate from stacking faults [93]. 
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Figure 2-26 TEM images of (CoCrNi)94Al3Ti3 after approximately 2% deformation. (a) Planar slip with 

dislocations in CP region. (b) Precipitates subjected to stacking faults and anti-phase boundary shearing. 

(c,d) Severe deformation of precipitates due to stacking faults in CP region [33]. 

 

Figure 2-27 TEM and HRTEM images of (CoCrNi)94Al3Ti3 after approximately 30% true strain in CP 

region (a,b) showing high density of dislocations [33]. 
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Figure 2-28 Images of (CoCrNi)94Al3Ti3 after approximately 30% true strain. (a) Striped structure with 

high density of dislocations. (b) HRTEM image of dislocations and nanotwins. (c) EDS compositional 

analysis using STEM [33]. 
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2.5.5 Quantification of various strengthening mechanisms in high-entropy alloys  

 He et al. conducted a study on the quantification of various strengthening 

mechanisms in (FeCoNiCr)94Ti2Al4 [9]. Two processing routes were performed, 

referred to as P1 and P2. P1 involved homogenization at 1200°C for 4 hours, followed 

by 30% cold rolling, recrystallization at 1000°C for 2 hours, aging at 800°C for 18 

hours, and water quenching. P2 involved homogenization at 1200°C for 4 hours, 

followed by 70% cold rolling, aging at 750°C for 4 hours, and water quenching. In 

addition, the FeCoNiCr alloy homogenized at 1200°C for 4 hours was referred to as 

Alloy A, while (FeCoNiCr)94Ti2Al4 homogenized at 1200°C for 4 hours was referred 

to as Alloy B. Figure 2-29 shows the tensile test results of (FeCoNiCr)94Ti2Al4 

subjected to different heat treatment processes. 

 The strengthening mechanisms of polycrystalline materials can be roughly divided 

into four types: solid-solution hardening, grain-boundary hardening, dislocation 

hardening, and precipitation hardening. These four types of strengthening mechanisms 

operate independently and do not interfere with each other. Therefore, the yield strength 

is the sum of the contributions of the four strengthening mechanisms. Kamikawa et al. 

expressed this relationship in Eq. 2-7 [94]. 
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Figure 2-29 (FeCoNiCr)94Ti2Al4 tensile test results [9]. 

 

𝜎0.2 = 𝜎𝐴 + 𝛥𝜎𝑆 + 𝛥𝜎𝐺 + 𝛥𝜎𝐷 + 𝛥𝜎𝑃 Eq. 2-7 

 𝜎𝐴 is the yield strength of Alloy A (FeCoNiCr), corresponding to lattice friction, 

which is an inherent property of the material. For Alloy A (FeCoNiCr), 𝜎𝐴 = 165𝑀𝑝𝑎 

𝛥𝜎𝑆 , 𝛥𝜎𝐺 , 𝛥𝜎𝐷 𝑎𝑛𝑑 𝛥𝜎𝑃  correspond to the contributions of solid-solution, grain-

boundary, dislocation, and precipitation hardening, respectively. 

 

1. Solid solution hardening 

 To discuss solid-solution hardening, it is necessary to first define solvent and 

solute. Early studies mainly investigated the addition of dilute solute atoms to solvents 
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and discussed them in simple binary alloy systems [95, 96]. However, in high-entropy 

alloys, the alloy system is more complex, making it difficult to use a single element as 

a solvent. Toda-Carabolla et al. made a series of modifications and discussions on the 

binary model and high-entropy alloy model [97]. To apply the formula for solid-

solution hardening to high-entropy alloys, the elements within the material should be 

evenly distributed, and there should be no specific arrangement of organization such as 

short-range order. Currently, most studies use a single-phase FCC base as the solvent. 

For example, in (FeCoNiCr)94Ti2Al4, FeCoNiCr is used as the base. Al and Ti are added 

as elements to discuss solid-solution hardening. Once the solvent and solute are defined, 

the elastic dislocation-solute interaction model (Eq. 2-8) can be applied [96, 98] to 

calculate the contribution of solid- hardening to the overall mechanical properties. 

𝛥𝜎𝑆 = 𝑀
𝐺 ∙ 𝜀𝑆

3/2
∙ 𝑐1/2

700
 Eq. 2-8 

G : shear modulus for material  

c : total molar ratio of solute in alloy 

M : Taylor factor 

𝜀𝑆 : interaction parameter 

In (FeCoNiCr)94Ti2Al4，G=78.5GPa, M=3.06, and the parameter c can be 

estimated semi-quantitatively by EDS. The interaction parameter (𝜀𝑆 ) can be 

further divided into the effects of elastic (𝜀𝐺) and atomic size mismatch(𝜀𝑎). See 

Eq. 2-9, Eq. 2-10 and Eq. 2-11. 
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𝜀𝑆 =
𝜀𝐺

1 + 0.5𝜀𝐺
− 3 ∙ 𝜀𝑎 Eq. 2-9 

𝜀𝐺 =
1

𝐺

𝜕𝐺

𝜕𝑐
 Eq. 2-10 

𝜀𝑎 =
1

𝑎

𝜕𝑎

𝜕𝑐
 Eq. 2-11 

𝜀𝐺 : elastic effect 

𝜀𝑎 : atomic size mismatches effect 

a : lattice constant 

  𝜀𝑎 can be measured by XRD (the lattice constants of alloy A, P1, and P2 are 

0.3578nm, 0.3594nm, and 0.3590nm, respectively). The contribution of 𝜀𝐺  is 

usually very small, so 𝜀𝐺 can be approximated by the value of 𝜀𝑎. Thus, all the 

parameters needed to calculate solid solution strengthening are known. Comparing 

the values contributed by solid solution strengthening in FeCrCoNi (Alloy A) and 

(FeCoNiCr)94Ti2Al4 (P1, P2), 𝛥𝜎𝑆1 = 25.4𝑀𝑃𝑎  and 𝛥𝜎𝑆2 = 14.4𝑀𝑃𝑎  can be 

obtained. Compared with the yield strength and tensile strength of the material, 

the strength contributed by solid solution strengthening is only a small part. 

Therefore, in this study, solid solution strengthening is not the main strengthening 

mechanism. 
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2. Grain boundary hardening 

 Small grains can produce more grain boundaries. Grain boundaries can effectively 

hinder dislocation slip. The strengthening effect of grain boundaries can be represented 

by the Hall-Petch equation (Eq. 2-12) [99]. 

𝜎𝑦 = 𝜎0 +
𝑘𝑦

𝑑1/2
 Eq. 2-12 

𝜎𝑦 : yield stress 

𝜎0 : lattice friction stress 

𝑘𝑦 : strengthening coefficient 

𝑑 : average grain diameter 

 According to the above equation, it can be deduced that the contribution of grain 

size changes to the yield strength after heat treatment of the material is represented by 

𝛥𝜎𝐺 . (see Eq. 2-13)。 

𝛥𝜎𝐺 = 𝑘𝑦(𝑑𝑝
−1/2

− 𝑑𝐴
−1/2

) Eq. 2-13 

𝑑𝑝 : grain size of treated material 

𝑑𝐴 : grain size of original material 

 

 In this study, the value of 𝑘𝑦  for FeCoNiCrMn was estimated to be 𝑘𝑦 =

226𝑀𝑃𝑎 ∙ 𝜇𝑚−1/2. In addition, the grain size was measured using SEM and TEM. Not 

many twin boundaries were found in (FeCoNiCr)94Ti2Al4, so twin boundaries were also 

included in the estimation of grain boundaries during statistics. The results are as 

follows: 𝑑𝐴 = 289.7 𝜇𝑚 , 𝑑𝑃1 = 15.7 𝜇𝑚 , 𝑑𝑃2 = 2.8 𝜇𝑚. By substituting the grain 

size into the above equation, the influence of grain size on the yield strength can be 
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obtained, 𝛥𝜎𝐺1 = 43.7𝑀𝑃𝑎 , 𝛥𝜎𝐺2 = 122.6𝑀𝑃𝑎. 

 Compared with the yield strength of the material, the estimated value of grain 

boundary strengthening is relatively small. Therefore, grain boundary strengthening is 

not the main strengthening mechanism in (FeCoNiCr)94Ti2Al4. 

 

3. Dislocation strengthening 

 Plastic deformation mainly enhances strength by hindering dislocation slip. 

According to the well-known Bailey-Hirsch formula [96] (Eq. 2-14), the effect of 

dislocation strengthening is mainly contributed by the dislocation density (ρ). In FCC, 

α = 0.2、b = √2/2 × 𝑎𝑇𝑖2𝐴𝑙4. 

𝛥𝜎𝐷 = 𝑀α𝐺𝑏ρ
1
2 Eq. 2-14 

α : lattice structure factor 

𝐺 : shear modulus 

b : burgers vector 

ρ : dislocation density 

 Regarding the dislocation density, He et al. measured it using the Williamson-Hall 

method, which is commonly used to determine the micro strain and crystallite size [100, 

101]. The XRD peak broadening, denoted as β, comes from the broadening of crystallite 

size (β𝐺) and strain (β𝑆) [102, 103]. A Cauchy-type function is used to express it in 

equations (Eq. 2-15, Eq. 2-16, Eq. 2-17 and Eq. 2-18). 

β = β𝐺 + β𝑆 Eq. 2-15 

β𝐺 = 𝐾λ/(D ∙ cosθ) Eq. 2-16 
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β𝑆 = 4ε ∙ tanθ Eq. 2-17 

βcosθ =
𝐾λ

D
+ (4sinθ) ∙ε Eq. 2-18 

𝐾 : constant (~0.9) 

λ : wavelength of Cu 𝐾𝛼  radiation (0.15405 nm) 

D : crystallite size 

ε : micro strain 

θ : Bragg angle of certain peak 

 By plotting the βcosθ − 4sinθ relationship graph and using the slope of linear 

approximation, ε can be obtained. ε represents the micro-strain in the crystal. Figure 2-

30 shows the βcosθ − 4sinθ relationship graph, with the slope of P2 alloy being 0.102 

and that of P1 alloy considered to be 0, since the slope is too low and can be viewed as 

an error. 

 From a physical perspective, the behavior of ε = 0 in P1 alloy can be discussed. 

P1 alloy is annealed to near complete annealing, and after annealing at 1273K/2h 

(greater than 0.75Tm), the dislocation content in the material is negligible and can be 

calculated as if there are no dislocations. 

 The calculation of dislocation density can be expressed by the micro-strain Eq. 2-

19 [101, 104]. By substituting the micro-strain ε of P1 and P2 alloys respectively, the 

dislocation density of P1 and P2 alloys can be obtained as 𝜌1 = 0, 𝜌2 = 5.02 × 1014. 

Substituting the dislocation density back into the dislocation strengthening formula, the 

effect of dislocation strengthening can be obtained as Δ𝜎𝐷1 = 0 , Δ𝜎𝐷2 =

274.5𝑀𝑃𝑎. The calculation results show that dislocation strengthening is one of the 
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main strengthening mechanisms in P2 alloy. In addition, since P2 alloy is annealed at 

923K, the results also show that annealing at 923K is not enough to completely anneal 

the 70% cold-rolled (FeCoNiCr)94Ti2Al4, and a large number of dislocations still exist. 

𝜌 = 2√3 ∙ε/(Db) Eq. 2-19 

  

 

Figure 2-30 βcosθ − 4sinθ relationship in (FeCoNiCr)94Ti2Al4 [9]. 

 

4. Precipitate hardening 

 Regarding precipitation strengthening, it can be mainly classified into two 

categories based on the characteristics of the precipitates. If the precipitate size is large 

and incoherent, the strengthening mechanism tends to be dominated by the Orowan-

type dislocation bypass mechanism. If the precipitate size is small and coherent, the 

strengthening mechanism tends to be dominated by the particle shearing mechanism. 
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 Figure 2-31 shows the TEM bright-field images of (FeCoNiCr)94Ti2Al4 P1 and P2 

alloys. Two types of Ni3(Al,Ti) precipitates can be observed in the P1 alloy: Region I 

contains small, granular precipitates, while Region II contains plate-like precipitates 

(approximated as spheres by the authors). The two different types of precipitate 

morphologies contribute different strengths, so the precipitation strengthening 

expression for the material can be expressed as Eq. 2-20. The volume fraction and size 

statistics of the precipitates are shown in Table 2-10. In the P1 alloy, the spherical radius 

of Region II is approximated by the width of the plate-like precipitates, while Ni2AlTi 

is ignored in the P2 alloy due to its low content. 

𝜎𝑃1 = 𝜎𝐼 ∙ 𝐶𝐼 + 𝜎𝑃1 ∙ 𝐶𝐼𝐼 Eq. 2-20 

𝜎𝑃1 : overall strength 

𝜎𝐼 : intrinsic strength of Region I 

𝜎𝐼𝐼 : intrinsic strength of Region II 

𝐶𝐼 : volume fraction of Region I 

𝐶𝐼𝐼 : volume fraction of Region II 

 

Table 2-10  P1 and P2 precipitate volume fraction [9]. 

Alloys 
Region or 

particles 

Region 

fraction C (%) 

Precipitates 

fraction f (%) 

Precipitates 

radius r(nm) 

Particle 

spacing 

Lp(nm) 

P1 
I 68.1 23.3 12.6 17.2 

II 31.9 16.2 46.3 90.9 

P2 
γ’ - 26.8 9.7 11.3 

Ni2AlTi - 2.77 25.9 182.9 

 

  



doi:10.6342/NTU202302391

71 

 

Figure 2-31 P1 and P2 TEM bright image (FeCoNiCr)94Ti2Al4 [9]. 

 

 When calculating the shearing of precipitates by dislocations, three factors mainly 

affect it: particle-matrix coherency (𝛥𝜎𝐶𝑆 ) , modulus mismatch (𝛥𝜎𝑀𝑆 ) and atomic 

ordering (𝛥𝜎𝑂𝑆 ) [105-107]. The first two mechanisms mainly contribute before the 

shear occurs, while the last mechanism mainly contributes during the shearing process. 

In principle, the larger value between 𝛥𝜎𝐶𝑆 + 𝛥𝜎𝑀𝑆  and 𝛥𝜎𝑂𝑆  will dominate the 

result. The mathematical expressions for each mechanism's contribution are as 

follows[108]: 

 

𝛥𝜎𝐶𝑆 = 𝑀 ∙ 𝛼𝜀(𝐺 ∙ 𝜀)3/2(
𝑟𝑓

0.5𝐺𝑏
)1/2 Eq. 2-21 

𝛥𝜎𝑀𝑆 = 𝑀 ∙ 0.0055(𝛥𝐺)
3
2 (

2𝑓

𝐺
)

1
2
(
𝑟

𝑏
)

3𝑚
2

−1

 Eq. 2-22 
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𝛥𝜎𝑂𝑆 = 𝑀 ∙ 0.81
𝛾𝐴𝑃𝐵

2𝑏
(
3𝜋𝑓

8
)1/2 Eq. 2-23 

 For FCC crystals,  𝛼𝜀 = 2.6 ,𝑚 = 0.85 , 𝜀~2/3 ∙ (𝛥𝑎/𝑎)，in this study, where 

(𝛥𝑎/𝑎)~0.0026  and 𝛥𝑎  is the difference between the Ni3Ti precipitate lattice 

constant and the matrix lattice constant. 𝑓 is the volume fraction of precipitates, 𝛥𝐺 

is the difference in shear modulus between the precipitate and the matrix, and 𝛾𝐴𝑃𝐵 is 

the interfacial energy between the precipitate and the matrix. In this study, data for Ni3Ti 

in a nickel-based superalloy was used, with 𝛥𝐺 = 81 − 77 = 4𝐺𝑃𝑎 , 𝛾𝐴𝑃𝐵 =

0.12𝐽 /𝑚2  [109]. Table 2-11 summarizes the contributions of various shear 

mechanisms to strength. 

 The mechanical strength contributions from different shear mechanisms were 

discussed, with 𝛥𝜎𝑆𝐻1−𝐼 = 305.6𝑀𝑃𝑎 , 𝛥𝜎𝑆𝐻1−𝐼𝐼 = 371.9𝑀𝑃𝑎  for P1 alloy, and 

𝛥𝜎𝑆𝐻2−𝑁𝑖3(𝑇𝑖,𝐴𝑙) = 305.6𝑀𝑃𝑎 for P2 alloy. After correcting for the volume fraction of 

different precipitate morphologies, the strengthening contributions from precipitates 

were 𝛥𝜎𝑃1 = 326.7𝑀𝑃𝑎, 𝛥𝜎𝑃2 = 327.7𝑀𝑃𝑎  respectively. The results showed that 

the strengthening effect of precipitates on P1 and P2 alloys was very similar. 
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Table 2-11 Quantification of mechanical property strengthening in P1 and P2 alloys [9]. 

Alloys 
Regions or 

particles 
𝛥𝜎𝐶𝑆(MPa) 𝛥𝜎𝑀𝑆(MPa) 𝛥𝜎𝑂𝑆(MPa) 𝛥𝜎𝐶𝑆 + 𝛥𝜎𝑀𝑆(MPa) 𝛥𝜎𝑆𝐻(MPa) 

P1 I 216.8 29.8 305.6 246.6 305.6 

 II 346.5 35.6 254.8 382.1 382.1 

P2 - 204.0 29.8 327.7 233.8 327.7 

 Based on the discussion of various strengthening mechanisms described above, 

we can obtain Figure 2-32 which shows the contribution of different strengthening 

mechanisms to the strength of (FeCoNiCr)94Ti2Al4 alloy. The yield strengths of P1 and 

P2 alloys are 𝜎1 = 560.8𝑀𝑃𝑎 and 𝜎2 = 904.2𝑀𝑃𝑎, respectively, and the calculated 

results are consistent with the experimental results. 

 

Figure 2-32 Different strength contributions from different strengthening mechanisms in 

(FeCoNiCr)94Ti2Al4 [9]. 
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2.6 Conclusion 

 In conclusion, this extensive exploration into high-entropy alloys (HEAs) reveals 

their immense potential as revolutionary materials in the field of engineering and 

material science. The investigation of core effects in HEAs uncovers the remarkable 

interplay of multiple elements, leading to unique mechanical properties and enhanced 

performance. Understanding the crystal structures in HEAs showcases their remarkable 

diversity, offering a versatile platform for tailored materials with desired functionalities. 

 The categorization of HEAs provides a valuable framework for organizing and 

understanding this diverse class of alloys, paving the way for targeted alloy design and 

application. Moreover, the study on alloy design, specifically the impact of adding Al, 

Ti, and Nb to HEAs, highlights the significance of alloying elements in fine-tuning 

material properties for specific engineering needs. 

 The in-depth exploration of thermal stability of L12 precipitates elucidates the 

behavior of HEAs at elevated temperatures, enabling the design of microstructures that 

exhibit both stability and desired mechanical properties. Additionally, the study on 

mechanical properties and microstructures of L12 precipitate-hardening HEAs provides 

valuable insights into the various strengthening mechanisms at play, guiding the 

development of high-performance materials with exceptional mechanical 
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characteristics. Overall, this review of high-entropy alloys advances our understanding 

of HEAs and their potential applications, opening doors to new horizons in materials 

engineering.  

  



doi:10.6342/NTU202302391

76 

 

Chapter Three Experiment designs and procedures 

3.1 Introduction 

 Figure 3-1 is the experiment process flow chart. To achieve high yield strength in 

medium-entropy alloy, aluminum and niobium were added in the CrCoNi medium-

entropy alloy to implement precipitate hardening. Before performing precipitate 

hardening, proper heat treatments should be done. The detailed heat treatment process 

would be discussed in 3.1.2. Afterward, peak aging condition could be identified 

through Vickers hardness tests. The peak-aged samples would be tested in tensile test 

and Hopkinson bar compression test. The strain rates are 0.001s-1 and 5000s-1 

respectively, representing slow strain rate and extreme high strain rate. To investigate 

the deformed behaviors, EBSD and TEM analysis would be used to analyzed nanoscale 

mechanical behaviors. 
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Figure 3-1 Experiment flow chart. 

  



doi:10.6342/NTU202302391

78 

 

3.1.1 Experiment material 

 The experiment materials are provided TRANSCRYSTAL ALLOY 

INDUSTRIAL CORPORATION. The company conducts vacuum induction melting 

with high purity raw materials (purity > 99.9wt%). To achieve high purity, it remelts 

the materials for more than three times. Then, it pours the liquid phase material into a 

plate-like ceramic mold. The cooling rate is slower than 0.1oC/min. Therefore, a cast 

material (CrCoNi)94Al3Nb3 has created. The size of the ingots is 9𝑐𝑚 × 9𝑐𝑚 × 3𝑐𝑚. 

 

3.1.2 Heat treatments 

 The heat treatment flow chart is shown as Figure 3-2.The original as-cast 

microstructure is eliminated by the homogenization process at 1100oC for 72 hours. 

Water quenching is immediately conducted after homogenization. Also, a 

homogenization can provide saturated solid solution for the aging treatments. After, to 

achieve a fine-grain microstructure, hot rolling is performed at 1100oC with 75% 

thickness reduction. Each hot rolling process is followed by a 3-minute annealing to 

temper the material. Once the thickness reduction is reached, water quenching is 

executed. It is necessary to have a fully recrystallized microstructure before aging. 

Therefore, the material undergoes a post annealing process at 900oC for an hour with 

water quenching. Afterward, aging processes are conducted at 700oC and 800oC. Then, 
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L12 nanoprecipitates are distributed in the single-phase FCC matrix. 

 

Figure 3-2 Heat treatment process flow chart. 

 

3.1.3 Hot rolling methods 

 Hot rolling processes are not easily conducted in the experiment because brittle 

Laves phase would induce cracks during the hot rolling processes. Figure 3-3 

demonstrates the failure of hot rolling processes. A lot of cracks can be observed 

through eyes. However, Figure 3-4 gives the results of successful hot rolling processes. 

The significant difference between two results depends on temperature controls. Figure 

3-5 is the COMSOL thermal heat transfer simulation result. A rolling machine model is 

constructed with 304 stainless steels, and the experiment material is put on the rolling 

machine after taking out from a 1100oC furnace. Therefore, it is possible to find the 

time that the temperature would be lower than recrystallization temperature. On the 
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other word, if the rolling processes are performed under the recrystallization 

temperature, cracks would be induced. In this experiment, the recrystallization 

temperature is set at 900oC. Overall, when conducting hot rolling processes with 

(CrCoNi)94Al3Nb3, the materials should be reheated in the furnace no more than 30 

seconds. 

 

 

Figure 3-3 Failed hot rolling materials at 1100oC. 
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Figure 3-4 Successful hot rolling materials at 1100oC. 

 

 
Figure 3-5 COMSOL time dependent thermal module simulation.  
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3.1.4 Tensile test  

 The sample that has undergone annealing at 900°C for an hour and aging at 700°C 

for 16 hours are processed into a dog-bone-shaped tensile specimen with a gauge length 

of 10mm, a width of 3mm, and a thickness of 1.5mm (see Figure 3-6 (a)). Subsequently, 

a tensile test was conducted at room temperature, with a strain rate controlled at 0.001s-

1, to calculate the yield strength, ultimate tensile strength, and strain, and to observe the 

deformation structure using TEM and investigate the interaction between precipitates 

and dislocations.  

 

Figure 3-6 specimen geometry (a)Tensile test (b)Hopkinson bar specimen. 

3.1.5 Hopkinson compression test 

 The sample that has undergone annealing at 900°C for an hour and aging at 700°C 

for 16 hours are processed into a cylinder shape specimen (see Figure 3-6 (b)). Nitrogen 

is used as acceleration gas to shoot the samples at room temperature. The strain rates 

are controlled at 2500 s-1 and 5000 s-1. Afterward, the deformed structures are inspected 

by TEM.  
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3.2 Experimental instruments and equipment. 

3.2.1 Rolling machine 

 The rolling machine locates at the previous math building. The oxidized surface 

of homogenized (CrCoNi)94Al3Nb3 was grinded before rolling. Before starting the 

rolling process, the material was heated at 1100oC for 30 minutes. Each rolling process 

was controlled at 5% thickness reduction, and reheating for 3 minutes before another 

rolling process. The initial thickness is 2.25cm. After 70% thickness reduction, the 

materials could be prepared as Hopkinson bar specimen and tensile test sample. 

 

3.2.2 MTS Landmark tensile test machine 

 MTS Landmark tabletop test systems are highly suitable for analyzing the 

dynamic characteristics of materials and components, with a maximum force capacity 

of 25 kN (see Figure 3-7). They have the ability to perform reliable and precise testing 

on a range of materials, including plastics, elastomers, aluminum, and other small 

components, through tension, compression, bend, creep, durability, and fatigue crack 

growth testing. The dog-bone shape specimens were fixed in the chunks. The strain rate 

is set at 10-3 s-1 until the samples are snapped. Therefore, yield strength, ultimate tensile 

strength and elongation can be obtained by engineering stress-strain curves. Afterward, 

the true stress-strain curve can be obtained by differentiating the engineering stress-
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strain curve. 

 

Figure 3-7 MTS Landmark 370.02 (25 kN) Dynamic Test System. 

 

3.2.3 Hopkinson bar compression test 

 The Split Hopkinson Pressure Bar (SHPB) is a commonly used instrument for 

high strain rate testing, typically in the range of 103(s-1) to 104(s-1). In collaboration 

with the Impact Mechanics Laboratory of the Department of Mechanical Engineering 

at National Cheng Kung University, the SHPB was used for rapid impact testing, as 

shown in Figure 3-8. By adjusting the length of the bars and the gas pressure, the 

desired strain rate can be achieved. 
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 The experimental method involves using one-dimensional elasticity theory to 

measure the three stress waves generated when the impact bar strikes the input and 

output bars: the incident wave, reflected wave, and transmitted wave. These waves are 

detected by strain gauges attached to the bars and processed by a signal processor. The 

resulting signals can be used to plot four graphs: stress-strain, stress-time, strain-time, 

and strain rate-time, providing insights into the dynamic plastic deformation behavior 

of materials. 

Figure 3-8 Schematic diagram of Hopkinson bar compression system. 

 

3.2.4 Electron Probe Microanalysis (EPMA) 

 Electron Probe Microanalysis (EPMA) is a technique used to analyze the 

elemental composition of solid materials. The sample is placed in the EPMA instrument 
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and the electron beam is directed onto the surface of the sample. The beam interacts 

with the atoms in the material, causing them to emit characteristic X-rays. The X-rays 

are detected by Wavelength Dispersive Spectroscopy (WDS) and analyzed to determine 

the quantitative composition of the material. The data obtained from the EPMA analysis 

can be used to determine the quantitative composition of the material, as well as the 

spatial distribution of elements in the sample.  

 

3.2.5 Differential Scanning Calorimetry (DSC) 

 Differential Scanning Calorimetry (DSC) is a technique commonly used in 

material science to study the thermal behavior of materials. The sample is placed in the 

DSC instrument and the instrument is programmed to heat the sample at a specified 

rate. In this experiment, heating rate and cooling rate are 10oC / min and -10oC / min, 

and the carrying gas is argon. As the sample is heated, it undergoes thermal changes, 

such as phase transitions or chemical reactions. These changes are reflected in the 

amount of heat absorbed or released by the sample, which is detected by the DSC 

instrument. Therefore, various thermal properties can be detected such as melting point, 

glass transition temperature, crystallization temperature, and specific heat capacity. 
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3.2.6 Scanning electron microscope (SEM) 

 Scanning electron microscopy (SEM) and backscattered electron diffraction 

(EBSD) are two widely used techniques in material science for imaging and 

characterization of materials. 

1. Sample Preparation: The sample must be prepared for SEM analysis by first being 

mounted on a suitable substrate, such as a thin metal foil. The sample is then 

polished and cleaned to remove any surface contamination and to ensure a smooth, 

flat surface. The polishing condition is 30V / 5 seconds in 5% perchloric acid. 

2. SEM Imaging: The prepared sample is then inserted into the SEM chamber, and 

the imaging parameters are set, such as the electron beam energy and the working 

distance. The electron beam is then directed at the sample surface, causing it to 

emit secondary electrons that are detected by the SEM to form an image of the 

sample surface. 

3. EBSD Analysis: Once SEM imaging is complete, the EBSD analysis can be 

performed. This involves tilting the sample to a specific angle, typically between 

70 and 90 degrees, and then directing the electron beam at the sample. As the beam 

interacts with the sample, it produces backscattered electrons that are detected by 

an EBSD detector to generate a diffraction pattern. 

4. Data Interpretation: The diffraction pattern obtained from EBSD analysis can be 
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used to determine various crystallographic information, such as crystal orientation, 

grain size, and texture. This information can be used to gain insights into the 

microstructure and mechanical properties of the material. 

 

3.2.7 Transmission electron microscope (TEM) 

 Transmission electron microscopy (TEM) is a powerful technique used in material 

science to obtain high-resolution images and detailed information about the 

microstructure of materials. 

1. Sample Preparation: The sample must be prepared for TEM analysis by first being 

cut into a thin specimen, typically less than 100 nanometers thick. This is done 

using a twin-jet polishing under 60V for approximately 3 minutes until the light 

pass through the hole. 

2. TEM Imaging: The prepared sample is inserted into the TEM chamber, and the 

imaging parameters are set, such as the electron beam energy and the working 

distance. The electron beam is then directed at the sample, and the transmitted 

electrons are detected to form an image of the sample. The high-energy electrons 

can penetrate the thin specimen, providing information about its internal structure. 

3. Electron Diffraction: In addition to imaging, TEM can also be used for electron 

diffraction. The electron beam is directed at the sample, and the electrons that are 
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diffracted by the sample are detected to generate a diffraction pattern. The 

diffraction pattern can provide information about the crystal structure and 

orientation of the material. 

4. Data Interpretation: The images and diffraction patterns obtained from TEM 

analysis can be used to determine various microstructural information, such as 

crystal structure, grain size, and defect density. This information can be used to 

gain insights into the physical and mechanical properties of the material. 
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3.3 Conclusion 

 In conclusion, a comprehensive overview of the experimental designs and 

procedures employed to achieve high yield strength in a medium-entropy alloy through 

precipitate hardening with the addition of aluminum and niobium was presented. The 

chapter covered the experiment material, heat treatment process, and various 

mechanical tests conducted, including tensile tests and Hopkinson bar compression 

tests at different strain rates. Advanced analysis techniques, such as EBSD and TEM, 

were utilized to study nanoscale mechanical behaviors and deformation structures. 

 The careful selection of experiment materials and precise heat treatments played a 

crucial role in obtaining the desired microstructure with L12 nanoprecipitates. The 

successful hot rolling processes also demonstrated the importance of temperature 

controls in avoiding cracks and ensuring the material's integrity. The tensile and 

compression tests provided valuable data on yield strength, ultimate tensile strength, 

and deformation behavior. Overall, this chapter laid a solid foundation for further 

investigations into the mechanical properties and potential applications of medium-

entropy alloys with precipitate hardening.   
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Chapter Four Microstructure and Mechanical 

Properties of (CrCoNi)94Al3Nb3 

4.1 Introduction 

 Detailed analysis would be presented in this chapter to support the temperature 

selections in homogenization, recrystallization, and aging. SEM, EDS, DSC, and 

Thermo-Calc were used to characterize the microstructures to find the optimal 

temperature designs. Furthermore, microstructure characterization details through 

EBSD and TEM to completely demonstrate every phase in this material. Afterward, 

mechanical properties would be tested through tensile tests and Hopkinson bar 

compression tests. To investigate the reasons of presenting high strength, the defect 

types, precipitate distribution, and interaction between precipitates and defects in 

deformed samples would be observed by TEM. 
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4.2 Homogenization and recrystallization 

4.2.1 As-cast microstructures 

 Figure 4-1 and Figure 4-2 demonstrates the metallography of as-cast 

(CrCoNi)94Al3Nb3. A classic dendritic structure can be observed. The distance between 

dendrites is longer than 50μm, representing the cooling rate is very slow. Figure 4-3 is 

the as-cast SEM and EDS mapping results. The dendritic regions are Nb-rich. Figure 

4-4 is the phase diagram of Inconel 718, which has a similar chemical composition to 

(CrCoNi)94Al3Nb3. The Nb concentration in (CrCoNi)94Al3Nb3 is around 10wt%. As a 

result, cooling from liquidus phase, the γ would form first, and the remaining liquid 

would be Nb-rich liquid. After, the remaining liquid would become solidification under 

the eutectic temperature. More details please refer to the thermo-calc section. In Figure 

4-1 and Figure 4-2, a layered eutectic structure can be observed. Referring to the phase 

diagram, the layered structures are γ+Laves. Therefore, the matrix is γ, and the dendrite 

is γ+Laves. 
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Figure 4-1 As-cast (CrCoNi)94Al3Nb3 OM image. 

 

 

Figure 4-2 As-cast (CrCoNi)94Al3Nb3 OM image. 
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Figure 4-3 As-cast (CrCoNi)94Al3Nb3 BSE image and EDS mapping. 

 



doi:10.6342/NTU202302391

95 

 

 

Figure 4-4 Phase diagram of Inconel 718 [110]. 

 

4.2.2 Incipient melting and homogenization microstructures 

 Incipient melting is common in superalloys and high-entropy alloys. This 

phenomenon results from excess element addition. The materials cannot become a 

single-phase solid solution after homogenization. To elaborate, the solidification 

structures could be detrimental to mechanical properties, fatigue life and creep 

resistance. Therefore, the differential scanning dilatometer method needs to be 

conducted to avoid the solidification structures. 

 Figure 4-5 is the differential scanning dilatometer result at RT-1500oC, and the 

testing material is as-cast (CrCoNi)94Al3Nb3. The scanning rate is 10oC/min, and the 
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carrier gas is argon. During the heating process (shown as red line), a significant melting 

point could be observed (shown as red peak). From the peak, this material starts melting 

at 1347.4oC, and it becomes total liquid at 1379.9oC. The peak melting temperature is 

1372.9oC. Referring to the Inconel 718 melting region at 1370oC-1430oC [110], the 

DSC result of (CrCoNi)94Al3Nb3 is reasonable. 

 In Figure 4-5, the cooling process (shown as green line) presents two major peaks. 

The first peak at 1336.9oC represents the solidification of γ. The second peak at 

1198.2oC behaves as the solidification of Nb-rich phase because Figure 4-3 shows the 

dendritic regions are Nb-rich. By referring to the phase diagram in Figure 4-4, this peak 

has the meaning of γ + Laves eutectic solidification. As a result, during homogenization 

we should avoid using temperature higher than 1190.8oC, which is the solidification 

temperature of γ + Laves eutectic.  

 Figure 4-6 is BSE image of solidification structures after homogenization at 

1200oC for 72 hours. Referring to the DSC result, it is a temperature would generate 

solidification structures. In Figure 4-7a, Laves phase segregates in grain boundaries. 

Additionally, in Figure 4-7b there are some Laves segregation far from grain boundaries. 

These structures cannot be annihilated by other processes. On the other word, 

solidification structures should be avoided during homogenization.  
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 Figure 4-6 is the BSE image after homogenization at 1100oC for 72 hours. 

Referring to the DSC result, it is a temperature would not generate solidification 

structures because it is below the melting temperature of eutectic γ + Laves. 

Furthermore, Laves phase would not segregate at grain boundaries like Figure 4-7a. 

The crystal structure of Laves phase in (CrCoNi)94Al3Nb3 is C14-Laves (see 

Supplementary Figure 1). This microstructure is workable for post treatments like aging 

and tensile test. 

Figure 4-5 (CrCoNi)94Al3Nb3 differential scanning dilatometer result at RT-1500oC. 
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Figure 4-6 Solidification structures at grain boundaries after homogenization at 1200oC for 72 hours. 

 

Figure 4-7 Solidification structures after 1200oC /72h homogenization. 
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4.2.3 Quantitative elements analysis  

 To find out what is the solute concentration in (CrCoNi)94Al3Nb3, EPMA analysis 

was conducted. The following solubility average and standard deviation are calculated 

by those red dots in Figure 4-8. Figure 4-8a is the result of as-cast (CrCoNi)94Al3Nb3. 

The matrix’s solubility of Al and Nb is 2.895 ± 0.052 𝑎𝑡% and 1.195 ± 0.134 𝑎𝑡% 

respectively. The niobium becomes Laves phase during the slow cooling process while 

smelting. As a result, there is not much niobium remaining in the matrix. However, after 

homogenization at 1100oC for 72 hours followed by water quenching (see Figure 4-8b), 

the matrix’s solubility of Al and Nb is 3.132 ± 0.065  at% and 2.766 ±0.077  at%. 

Aluminum and niobium are kept in the FCC matrix as a saturated solid solution. By the 

EPMA result, the alloy design of (CrCoNi)94Al3Nb3 successfully predict the saturated 

solubility of niobium which is closed to 3 at%. Besides, the aluminum saturated 

solubility is below 3 at%. 

 Figure 4-9 illustrates the uneven concentration distribution of (CrCoNi)94Al3Nb3 

after homogenization at 1100oC for 72 hours. Figure 4-9a represents the less 

segregation area. Less Nb-rich Laves phase can be observed. The matrix’s solubility of 

Al and Nb is 3.082 ± 0.021 𝑎𝑡% and 2.313 ± 0.101 𝑎𝑡% respectively. On the other 

hand, Figure 4-9b represents the frequent segregation area. The matrix’s solubility of 

Al and Nb is 3.132 ± 0.065 𝑎𝑡%  and 2.766  ±0.077 𝑎𝑡%  respectively. There is 
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approximately 0.4 at% difference of niobium in the same material after the same 

homogenization treatment. As a result, the element distribution may contribute to 

microstructure variations after aging. 
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Figure 4-8 EPMA element concentration quantitively analysis (a) as-cast (b) homogenization at 1100oC 

for 72 hours. 

Figure 4-9 EPMA element concentration quantitively analysis (a) homogenization at 1100oC for 72 hours 

taken at less segregation region (b) homogenization at 1100oC for 72 hours taken at segregation region. 
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4.2.4 Optimal recrystallization processes 

 To have a fully recrystallization structure before aging treatment, a post annealing 

process is necessary after hot rolling because there might have been some portions that 

are not fully recrystallization. Therefore, finding an optimal recrystallization process is 

crucial. For example, brittle TCP phases need to be avoided. Grain size should be well-

controlled as fine-grain. Otherwise, the hot rolling process would be useless. 

 Hardness is a good identification of finding an optimal recrystallization process. 

Some data needs to be clarified. The as-receive, homogenization and hot rolled 

hardness results shown as Table 4-1. The hardness of as-receive, homogenized and hot-

rolled samples are 337.9 ±  69.2 Hv , 194.3 ±  9.3 HV , and 319.3 ±  11.9 Hv 

respectively. 

 Figure 4-10 demonstrates the hardness of hot-rolled sample after 900oC post 

annealing. The hardness soon drops to around 260Hv to 280Hv. Although annealing at 

900oC for 15 minutes seems to successfully recrystallized, the standard deviation is still 

higher than 900oC for 1 hour. As a result, the standard deviation may represent that 

there are non-recrystallized grains in it. Therefore, selecting post annealing at 900oC 

for 1 hour is a more suitable way.  

Figure 4-12 is the EBSD results of post annealing at 900oC for 1 hour. From 

Figure 4-12b, the image quality map, the grains are already fully recrystallized. Also, 



doi:10.6342/NTU202302391

103 

 

from 

Figure 4-12e is the grain size distribution, and the average grain size is 13.39 ±

6.02𝜇𝑚 . The average grain size could definitely be called as “fine-grain” after hot 

rolling processes. Overall, post annealing at 900oC for 1 hour can achieve a fully 

recrystallized structure. 

 As for the longer recrystallization treatment at 900oC, unfavorable TCP phases 

would show up. Besides, it would make the grains become larger which is not favorable 

while achieving high yield strength. To elaborate, recrystallization at 1000oC is facing 

the same problems mentioned above (see Figure 4-11). To be more specific, 

recrystallization at 1000oC has higher standard deviation in hardness. It represents that 

the larger grains become coarser, and the TCP phases are showing up to increase the 

hardness in certain regions. 

 

Table 4-1 Vickers hardness of as-receive, homogenization and hot rolled (CrCoNi)94Al3Nb3. 

 As-receive 
Homogenization 

(1100oC / 72h) 
Hot-rolled 

Hardness (Hv) 337.9 ±  69.2 Hv 194.3 ±  9.3 HV 319.3 ±  11.9 Hv 

  



doi:10.6342/NTU202302391

104 

 

 

Figure 4-10 Hardness of (CrCoNi)94Al3Nb3 after 900oC recrystallization treatments. 

 

Figure 4-11 Hardness of (CrCoNi)94Al3Nb3 after 1000oC recrystallization treatments.  
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Figure 4-12 EBSD analysis of (CrCoNi)94Al3Nb3 recrystallization at 900oC for 1 hour (a) inverse pole 

figure (b) image quality (c) phase map (d)kernel average map (e) grain size distribution. 
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4.3 Aging and phase identification 

4.3.1 Peak aging identification 

 To distribute fine and uniform coherent L12 particles, peak aging condition needs 

to be identified first. In this experiment, aging temperatures were set at 700oC and 

800oC. Figure 4-13 and Figure 4-14 are the aging hardness results of 700oC and 800oC. 

In Figure 4-13, the peak aging condition at 700oC is 16 hours, and the peak aging 

hardness is 469.37 ± 21.48𝐻𝑣. As for the peak aging condition at 700oC is 8 hours, 

and the peak aging hardness is 433.87 ± 15.26𝐻𝑣. 

 Hardness of samples without aging is 278.62 ± 10.53𝐻𝑣. After aging at 700oC, 

the hardness increases nearly 70% of its original hardness to 469.37 ± 21.48𝐻𝑣. The 

result shows that precipitate hardening poses significant effects in this material. In next 

section, the morphology and the size of precipitates would be discussed. 
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Figure 4-13 Hardness of 700oC aging. 

 

 
Figure 4-14 Hardness of 800oC aging.  
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4.3.2 Coherent precipitate analysis 

 Figure 4-15 is the HADDF image of (CrCoNi)94Al3Nb3 aging at 700oC for 16 

hours. A lot of fine particles uniformly distribute in the FCC matrix. The size of the 

particles is around 5-10 nm. Compared to the optimal size of (FeCrCoNi)94Al4Ti2 (20-

25nm) [9], the fine particles in (CrCoNi)94Al3Nb3 is much more smaller.  

 Figure 4-16 is the EDS mapping of Figure 4-15. By the EDS mapping results, the 

particles are rich in Ni, Al, and Nb. These are the favor elements of L12 particles, which 

is coherent to the FCC matrix. The matrix is rich in Cr and Co because they would not 

become parts of L12. As a result, after aging, the matrix is rich in Cr and Co, and the 

particles are rich in Ni, Al, and Nb. Figure 4-17a is the stacked EDS mapping of Ni, Al, 

and Nb. Figure 4-17b is the stacked EDS mapping of Cr and Co. Figure 4-17 

demonstrates clearer images of element distribution. 
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Figure 4-15 HAADF image of (CrCoNi)94Al3Nb3 aging at 700oC for 16 hours. 
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Figure 4-16 HAADF image and EDS mapping of (CrCoNi)94Al3Nb3 aging at 700oC for 16 hours (a) 

STEM image (b) Ni (c) Al (d) Nb (e) Cr (f) Co. 
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Figure 4-17 HADDF image and EDS mapping stacked diagram of (CrCoNi)94Al3Nb3 aging at 700oC for 

16 hours (a) Ni, Al, and Nb (b) Cr and Co.  
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 Figure 4-18 and Figure 4-19 are the bright field and dark field images of 

(CrCoNi)94Al3Nb3 aging at 700oC for 16 hours. These pictures were taken along [100] 

zone axis. In Figure 4-18, a cubic-on-cubic orientation relationship, [100]𝛾//[100]L12 

and (100)𝛾//(100)L12 can be observed. The forbidden diffraction spots like 001 in 

disorder FCC shows up in Figure 4-18 because L12 precipitates are ordered FCC-based 

structure. Therefore, L12 precipitates contribute those forbidden spots like 001, 010, 

and 011. 

 In Figure 4-18, a lot of small black points uniformly distribute in the matrix. Based 

on the diffraction pattern, those black points are identified as L12 precipitates. In the 

dark field image (see Figure 4-19), L12 precipitates can be seen more easily. The dark 

field image was performed by objective aperture selecting 001 spot. Countless 5-10nm 

L12 precipitate distribute in the matrix. Furthermore, even near the grain boundary, the 

precipitates still keep the shape of globules rather than the abnormal growth in 

(FeCrCoNi)94Al4Ti2 (see Figure 1-1) [9]. Figure 4-20 demonstrates the high-resolution 

TEM image under [100] zone axis. The yellow circles indicate the lattice fringes of L12 

precipitates. 
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Figure 4-18 Bright field image of (CrCoNi)94Al3Nb3 aging at 700oC for 16 hours. 

 

Figure 4-19 Dark field image of (CrCoNi)94Al3Nb3 aging at 700oC for 16 hours.  
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Figure 4-20 HRTEM image of (CrCoNi)94Al3Nb3 aging at 700oC for 16 hours. 

 

Figure 4-21 Crystal structure of L12 phase.  
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 Figure 4-22 demonstrates the representative morphology of (CrCoNi)94Al3Nb3 

aging at 800oC for 8 hours. Large cuboid L12 precipitates are around 50nm, and the 

globules L12 precipitates are around 20nm. The mixed morphology can be explained 

by precipitate growth mechanism, surface energy controlled and stain energy controlled. 

At the initial stage of precipitate nucleation, the surface energy between different atoms 

dominates the nucleation. Afterward, when the precipitates become larger, the lattice 

strain energy dominates the growth. That is to say, the lattice does not favor a large 

precipitate to distort the stable lattice. Therefore, the precipitates would keep at certain 

size because of lattice strain energy. 

 Figure 4-23 and Figure 4-24 are the high-resolution TEM image of 

(CrCoNi)94Al3Nb3 aging at 800oC for 8 hours. Under [100] zone axis, clear boundaries 

of FCC matrix and L12 precipitates can easily be observed, and the L12 precipitate is 

around 20nm. 

 Figure 4-25 is the HADDF image and EDS mapping of (CrCoNi)94Al3Nb3 aging 

at 800oC for 8 hours. It illustrates the same result as the case in 700oC. L12 particles are 

rich in Ni, Al, and Nb elements. On the other hand, the matrix is rich in Cr and Co 

element. 
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Figure 4-22 HADDF image of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours. 
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Figure 4-23 HRTEM image of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours. 

 
Figure 4-24 HRTEM image of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours.  
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Figure 4-25 HADDF image and EDS mapping of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours (a) STEM 

image (b) Ni (c) Al (d) Nb (e) Cr (f) Co. 
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4.3.3 Incoherent precipitates analysis 

 There are two types of incoherent precipitates in (CrCoNi)94Al3Nb3 during the 

heat treatment processes, σ phase and δ phase. 

1. σ phase 

 Figure 4-26 is the bright field image of σ phase. σ phase has tetragonal crystal 

structure (see Supplementary Figure 2 and Supplementary Table 1). Therefore, the 

diffraction pattern along [011] zone axis could successfully identify σ phase. Besides, 

the stable state σ phase is rich in Cr and Co. By EDS point analysis, the σ phase has 56 

at% Cr and 32% Co. The result is corresponded to the general concept of σ phase. 

Figure 4-26 σ phase in (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours. 
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2. δ phase 

 δ phase is very common in Nb-contained superalloys like Inconel 718. Its 

stoichiometric chemical formula is Ni3Nb. Supplementary Table 2 is the details of 

crystal structure of δ phase. δ phase has needle-like morphology, and it has 

[011]γ//[100]δ and (111)𝛾//(010)𝛿 orientation relationship with FCC matrix (see 

Figure 4-27). 

 Figure 4-32 is the HADDF image and EDS mapping result at grain boundaries. δ 

phase is favorable of forming at grain boundaries. Besides, while Ni and Nb elements 

are drained by δ phase. The Cr and Co elements would tend to become rich in certain 

areas. Therefore, σ phase tends to form in those Cr-rich and Co-rich areas. 

 When defects were induced into the material by hot rolling, those nanotwins can 

be preserved during post annealing because δ phase would come out during 

recrystallization at twin boundaries (see Figure 4-28, Figure 4-29, and Figure 4-30). 

Note that these figures are taken without tensile tests. Figure 4-28 is the edge-on 

condition of δ phase thickness. The thickness approximately 2nm is too small to observe. 

Thus, none-edge-on condition can provide clear images to identify δ phase. Figure 4-

29 suggests that δ phase would not only form at coherent twin boundaries but also 

incoherent twin boundaries. 
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Figure 4-27 δ phase in (CrCoNi)94Al3Nb3 aging at 800oC for 240 hours (a) TEM bright-field image (b) 

diffraction pattern (c) delta crystal structure.  
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Figure 4-28 TEM image of (CrCoNi)94Al3Nb3 recrystallization at 900oC for 1 hour (a) [011] edge-on 

condition (b) none edge-on condition. 

 

Figure 4-29 TEM image of (CrCoNi)94Al3Nb3 recrystallization at 900oC for 1 hour with δ in coherent 

twin boundaries and incoherent twin boundaries.  
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Figure 4-30 TEM image of (CrCoNi)94Al3Nb3 recrystallization at 900oC for 1 hour before δ connecting 

to each other. 

 

Figure 4-31 δ phase and σ phase in (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours. 
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Figure 4-32 HADDF image and EDS mapping of δ phase and σ phase in (CrCoNi)94Al3Nb3 aging at 

800oC for 8 hours (a) STEM image (b) Ni (c) Al (d) Nb (e) Cr (f) Co.  
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4.3.4 Thermo-calc simulation 

 This experiment performed Thermo-calc simulation with single point equilibrium 

and single axis equilibrium. Figure 4-33 is the amount of phase in different temperature. 

Take some temperatures that were used in this experiment to examine the results of 

Thermo-calc.  

 For example, the material is homogenized at 1100oC for 72 hours. The treatment 

can be recognized as steady-state because the treatment time is so long, and Thermo-

calc only simulate the steady-state situation. The simulation described that there are 

approximately 5% Laves phase in 1100oC, and the rest of 95% is FCC matrix. This 

result is corresponded to the EBSD phase map ( 

Figure 4-12). Take 700oC as another example, Thermo-calc indicates that L12, δ and σ 

would generate under 700oC. Based on TEM analysis of aging at 700oC for 16 hours, 

the amount of L12 phase is much more than δ and σ. To elaborate, δ and σ can hardly 

be found in TEM because aging for 16 hours is still too short to eliminate the influence 

of kinetics. Once the aging period extend for thousands of hours, the exact number of 

phases could finally be referred in Figure 4-33. Besides, Figure 4-34 and Figure 4-35 

describe the aluminum and niobium contents in specific phases respectively.  
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Figure 4-33 Thermo-calc single axis equilibrium simulation. 
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Figure 4-34 Thermo-calc single point equilibrium simulation for niobium. 

 

Figure 4-35 Thermo-calc single point equilibrium simulation for aluminum.  
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4.3.5 Delta phase transformation 

 Figure 4-36 is the schematic diagram of δ phase and microstructure evolution at 

different heat treatment stages. In the beginning, Figure 4-36a demonstrates the 

homogenization microstructure of (CrCoNi)94Al3Nb3 There was no dislocation or 

stacking-fault in grains, and a little Laves phase was observed in grain boundaries. After 

hot-rolling at 1100oC with 70% thickness reduction, grain refinement was performed 

shown as Figure 4-36b. Defects were induced into the material through the forms of 

dislocations and stacking-faults. In Figure 4-36c, defects were eliminated through 

recrystallization at 900oC for 1 hour. In addition, δ phase preferential precipitated at 

twin boundaries. Figure 4-36d showed that the nano scale L12 precipitates uniformly 

distribute in grains in the early-stage of aging. At peak aging, Figure 4-36e, new δ phase 

started to nucleate at the edges of L12 precipitates with a [2̅33]γ//[111]L12 

orientation relationship. Figure 4-37 is the STEM and diffraction pattern taken from the 

sample aging at 800oC for 8 hours (peak aging condition at 800oC). There is a clear 

[2̅33]γ//[111]L12 , (011̅)γ//(011̅)L12  orientation relationship in the diffraction 

pattern. Figure 4-36f demonstrates the overaging microstructure of (CrCoNi)94Al3Nb3. 

L12 particles would grow bigger to a cubic morphology under [100] zone axis. 

Furthermore, the δ phase nucleated at the edges of L12 particles would grow longer 

through the diagonals of cubic L12 particles under [100] zone axis. Figure 4-38 and 
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Figure 4-39 are the STEM images taken under [100] zone axis since there is a cubic-

on-cubic orientation relationship between the matrix and L12 particles. There are a lot 

of δ phase grow along the diagonal of cubic L12 particles. In the end, Figure 4-36g is 

the microstructure of severe over-aging. δ phase completed the growth, and L12 

particles also completed coarsening to cubic morphology. Figure 4-27 is the TEM 

image taken in the sample aging at 800oC for 240 hours. The matrix and δ phase have 

the [011]γ//[100]δ orientation relationship. The δ phase has almost 20-30nm in width 

under [011] zone axis observation. 

Figure 4-36 Schematic diagram of δ phase and microstructure evolution in (CrCoNi)94Al3Nb3 at different 

heat treatment stages (a) homogenization at 1100oC for 72 hours (b) hot-rolling at 1100oC with 70% 

thickness reduction (c) recrystallization at 900oC for 1 hour (d) aging before peak aging (e) aging at peak 

aging (f) overaging (g) overaging much longer than peak aging (h) symbol descriptions.  
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Figure 4-37 HADDF image and diffraction pattern of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours (a) 

STEM image. 

 

Figure 4-38 HADDF image of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours along [110] direction. 
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Figure 4-39 HADDF image of (CrCoNi)94Al3Nb3 aging at 800oC for 8 hours along [110] direction. 
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4.4 Mechanical properties 

4.4.1 Tensile test 

 Figure 4-40 is the results of tensile tests under 0.001s-1 strain rate. The yield 

strength and ultimate tensile strength of none-aged sample (recrystallization, 900oC / 1 

h) are 1127 ± 20  MPa and 1333 ± 17  MPa respectively. As for the aging sample 

(aging, 700oC / 16h), The yield strength and ultimate tensile strength of none-aged 

sample (recrystallization, 900oC / 1 h) are 1412 ± 22 MPa and 1553 ± 45 MPa 

respectively. The yield strength and ultimate tensile strength increase approximately 

300MPa and 200MPa. The results demonstrate that aging treatment plays an important 

role in enhancing strength. The elongation of none-aged sample and aging sample are 

12.4 ±0.25 and 7.8 ± 0.94 respectively. Laves and sigma phases cause the material to 

become brittle. Dislocations would aggregate at the boundaries and bring about stress 

concentration. Finally, cracks start to initiate from the boundaries. However, the yield 

strength and ultimate tensile strength are outstanding. The elongation performances are 

acceptable with such high-strength performances. 

 Figure 4-41 is the true stress-strain curves and work-hardening rate of 

(CrCoNi)94Al3Nb3. The work-hardening rate can be classified as three segments. Work-

hardening rate prior to 0.03 strain can be called as the elastic region. The second region 
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is located at 0.03 to 0.10 strain. The work-hardening rates do not decrease rapidly in 

the region. The results suggest that twinning and stacking-faults might have become the 

deformed mechanism in the material. As for the last part, after 0.10 strain, this part is 

called as necking region. Materials start to necking and would not become work-

hardening anymore. 

 

 

Figure 4-40 Engineering stress-strain curves of (CrCoNi)94Al3Nb3 tensile tests. 
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Figure 4-41 True stress-strain curves and work-hardening of (CrCoNi)94Al3Nb3 tensile tests. 

 

 

Table 4-2 mechanical properties comparison of (CrCoNi)94Al3Nb3, CrCoNiSi0.3, (CrCoNi)94Al4Ti2, and 

Inconel 718. 

 
Recrystallization 

900
o
C / 1h 

Aging 

700
o
C / 16h 

CrCoNiSi
0.3

 

Cold-rolled 50% 

900
o
C / 1h 

(FeCrCoNi)
94

Al
4
Ti

2
 

Cold-rolled 70% 

650
o
C / 4 h [9] 

Yield 

strength(MPa) 
1127 ± 𝟐𝟎 1412 ±22 650 1005 

Ultimate tensile 

strength(MPa) 
1333 ± 𝟏𝟕 155𝟑 ±45 1013 1273 

Elongation(%) 12.4 ±0.25 7.8 ± 𝟎. 𝟗𝟒 17% 17 
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4.4.2 Tensile test microstructure characterization  

 Figure 4-42 presents the deformed microstructure of samples aging at 700°C for 

16 h subjected to 8% strain. Figure 4-42a and b correspond to deformed regions with 

relatively mild and severe deformation, respectively. In Figure 4-42a, only the FCC 

matrix and L12-Ni3(Al,Nb) precipitates are observed. During the deformation, the 

defects are hindered by the presence of L12 precipitates, providing exceptional strength 

to this MEA. The MEA possesses a lower stacking-fault energy and exhibits a higher 

yield strength. As a result, at the onset of deformation, the yield strength already 

exceeds the critical twinning stress. Consequently, the primary defects are deformation 

twins and stacking-faults, rather than dislocation motion. Therefore, in Figure 4-42a, a 

mixed microstructure of deformation twins and stacking-faults can be observed. Within 

the same 8% strain deformation, Figure 4-42b reveals deformation twins and stacking-

faults involving two variants rather than one variant in Figure 4-42a. Under [011] zone 

axis observation, the two variants are separated by an angle of 70.52° because the slip 

planes are {111} . The stacking-faults will undergo 
1

6
< 112̅ >  displacements on 

{111}. In this region, the FCC matrix and L12 precipitates are segmented into multiple 

blocks, and these blocks would further be segmented into finer sub-blocks while 

experiencing severe deformations. 

 Both Figure 4-42a and b experience the same 8% strain. However, the 
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microstructural observation indicates that Figure 4-42b undergoes more severe 

deformation. The result is attributed to the presence of δ-Ni3Nb precipitates at the nano-

annealing twin boundaries, hindering the development of defects. Though δ-Ni3Nb 

effectively enhances the strength of the MEA, it also leads to a loss of ductility. 

 Figure 4-42c to f illustrate the interaction between L12 precipitates and defects, as 

well as the deformation microstructure of the surrounding matrix, observed along the 

[011] zone axis. In Figure 4-42c, clear evidence of shear deformation in L12 particles 

can be observed. L12 particles possess an ordered structure, and the presence of stacking 

faults within the L12 phase would lead to antiphase boundaries. Therefore, stacking-

faults are not commonly observed in L12 phase because of the instability. However, 

numerous stacking faults and deformation twins are observed in the FCC matrix. Figure 

4-42d and e present magnified views of the green dashed square and blue dashed square 

in Figure 4-42c, respectively. Multiple stacking faults and deformation twins are found 

that do not align along the same (111) plane. In Figure 4-42e, complex interactions 

between stacking-faults and deformation twins are found at the neighboring (111) 

planes. Typically, stacking faults or deformation twins would be confined within the 

same (111)  while suffering from shear deformation. As a result, the presence of 

structures that do not align along the same (111) plane indicates that L12 particles 

effectively hinder the development of defects, resulting in a more complex 
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microstructure in the FCC matrix. However, when deformation becomes more severe 

and L12 particles can no longer impede defect development, Figure 4-42f demonstrates 

the L12 particle that have undergone shear deformation twice. 

𝜎0.2 = 𝜎𝐴 + 𝛥𝜎𝑆 + 𝛥𝜎𝐺 + 𝛥𝜎𝐷 + 𝛥𝜎𝑃 Eq. 4-1 

 In comparison to (FeCrCoNi)94Al4Ti2 [9], the yield strength of (CrCoNi)94Al3Nb3 

is approximately 400 MPa higher than the yield strength of (FeCrCoNi)94Al4Ti2. 

Therefore, the following discussion will focus on the factors contributing to the yield 

strength. The evaluation of yield strength can be referenced from section 2.5.4 (see Eq. 

4-1). The yield strength can be decomposed into several contributing factors, including 

lattice friction (P-N stress), solid solution strengthening, grain boundary strengthening, 

dislocation density, and precipitates hardening. 

 Lattice friction is an intrinsic material property and does not play a critical role in 

enhancing yield strength unless there is a significant change in the composition. For 

instance, replacing the FCC base of medium-entropy alloy with a BCC base would not 

have a significant impact on the yield strength. In the case of (FeCrCoNi)94Al4Ti2 [9], 

solid solution strengthening only contributes a few tens of MPa. It is difficult to achieve 

the required 400 MPa increase solely through solid solution strengthening. Although 

larger atoms like Nb can contribute slightly to the yield strength through solid solution 

strengthening, they may not be the main reason for the increase of about 400 MPa. For 
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dislocation strengthening, although the study did not directly measure dislocation 

density, the samples were annealed at 900°C for one hour before precipitation hardening 

to eliminate residual defects and ensured complete recrystallization through EBSD 

analysis, thereby ruling out the contribution of dislocation strengthening. 

 Ultimately, in this work, the most effective factors in enhancing the yield strength 

are believed to be precipitation hardening and grain refinement. Observed through TEM 

and STEM images, a significant volume fraction of nanoscale L12-Ni3(Al,Nb) within 

the FCC matrix was achieved. The [100] zone axis HRTEM observation indicates that 

the distance between precipitates is less than 5 nm in 2D-observation, demonstrating a 

uniform nucleation within the FCC matrix. However, further evaluation is required to 

fully quantify the precise contribution of these precipitates to the yield strength. 

Additionally, Figure 4-42b shows that δ phase is generated around twin boundaries, 

effectively preserving nanoscale annealed twins. Unfortunately, due to limitations in 

the EBSD grain size assessment (step size restriction), these annealed twins, which are 

tens of nanometers in size, cannot be identified. As a result, their actual sizes may be 

much smaller than what EBSD assesses, potentially making it challenging to apply the 

Hall-Patch equation for discussion. Moreover, there is currently no comprehensive 

study on how the abundance of annealed twins affects mechanical properties, and at 

best, it only suggests a trend of stronger materials with more annealed twins. In 
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conclusion, through TEM image analysis, this work attributes the high yield strength to 

the presence of uniform and small nanoscale L12-Ni3(Al,Nb) precipitates and a large 

quantity of nanoscale annealed twins.   
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Figure 4-42 TEM analysis of (CrCoNi)94Al3Nb3 deformed microstructure with 8% strain along [011] 

zone axis (a) less deformed area with single variant stacking-fault (b) severe deformed area with two 

variant stacking-fault (c) HRTEM image of sheared L12 particle (d) an enlarged micrograph of c, 

stacking-faults not located on the same plane. (e) an enlarged micrograph of c, nanotwins and stacking-

faults coexist (f) L12 particles sheared by two variant stacking-faults.  
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Figure 4-43 tensile test HRTEM image under [011] zone axis at fracture point in (CrCoNi)94Al3Nb3 aging 

at 700oC for 16 hours (a) small-scale HRTEM image (b) HRTEM image of blue square in a (c) HRTEM 

image of blue square in b.  
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4.4.3 Hopkinson bar compression test 

 Figure 4-44 is the true stress-strain curve of Hopkinson compression test with 

(CrCoNi)94Al3Nb3. Compared none-aged sample and peak-aged sample under the same 

strain rate (𝜀̇~5000 ), the yield strength and ultimate tensile strength of none-aged 

sample are 629.3MPa and 1720MPa respectively. The yield strength and ultimate 

tensile strength of the samples aging at 700oC for 16 hours are 1018.6MPa and 

2562.4MPa respectively. This result demonstrates that nano-L12 precipitates contribute 

around 400MPa in yield strength and 850Mpa in ultimate tensile strength. Compared 

peak-aged samples under different strain rate ( 𝜀̇~2500  and 𝜀̇~5000 ), the yield 

strength and ultimate tensile strength under 𝜀̇~2500 are 817.4MPa and 2287.6MPa 

respectively. The yield strength and ultimate tensile strength of the peak-aged samples 

are 1018.6MPa and 2562.4MPa respectively. By increasing the strain rate, the yield 

strength and ultimate tensile strength increase around 200MPa and 300MPa 

respectively. Therefore, to achieve high strength in Hopkinson bar compression tests, 

nano-L12 precipitate and high strain rate play important roles in the compression tests.  

 Figure 4-45 is the work hardening rate of (CrCoNi)94Al3Nb3 Hopkinson bar 

compression test. By comparing the results, the aging samples have better work 

hardening rate under the same strain rate. Furthermore, the higher strain rate 

demonstrates the higher work hardening rate.  
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 Figure 4-46 is the Hopkinson bar result of FeCrCoNi. Take the strength at 20% 

true strain in FeCrCoNi compared with the strength at 20% true strain in 

(CrCoNi)94Al3Nb3, FeCrCoNi demonstrates around 1300MPa at 20% true strain under 

𝜀̇~7000 , and (CrCoNi)94Al3Nb3 shows around 2500MPa at 20% true strain under 

𝜀̇~5000 . The strength increases almost two times for 1300MPa to 2500MPa. The 

results indicate that the nano-L12 precipitates did increase the strength a lot. 
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Figure 4-44 Hopkinson bar compression test true stress-strain curves. 

 

 

Figure 4-45 Hopkinson bar compression test work hardening rate.  
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Figure 4-46 FeCrCoNi Hopkinson bar compression test true stress-strain curves and work hardening rate 

[111]. 

 

4.4.4 Hopkinson bar compression test microstructure characterization 

 Figure 4-47 is the deformation map depending on Zener-Holloman parameter (see 

Eq. 4-2). Zener-Holloman parameter considers strain rate and temperature as two major 

factors in affecting the deformed mechanism. Based on Figure 4-47, high strain rate 

and low temperature can induce twinning-based deformation. Therefore, Hopkinson 

bar compression test performs high strain rate deformation to distribute nano-twins in 

the materials. 

𝑍 = ε ̇exp (
𝑄

𝑅𝑇
) Eq. 4-2 

Figure 4-48 is the TEM image of (CrCoNi)94Al3Nb3 after Hopkinson bar 

compression test with 𝜀̇~5000. In the right side, a lot of nanoscales stacking-faults can 



doi:10.6342/NTU202302391

146 

 

be observed. In the left side, there is a 70o between two variant stacking-faults 

representing two {110} glide planes under [110] zone axis inspection. The diffraction 

is taken by SAD selecting the middle of the left part and the right part. The twinning 

relationship can be analyzed under [011] zone axis. 

 To discuss the stacking-faults and nano-HCP in this material, HRTEM images 

were taken under [011] zone axis (see Figure 4-49). Deformation twins can be identified 

by specific atomic arrangement, ABCABACBA, a symmetric arrangement. There are 

deformation twins and nano-HCP with only 1nm and 2nm. The results indicate that the 

TWIP and TRIP effects play important roles in (CrCoNi)94Al3Nb3. Finally, the matrix 

and the nano-HCP have a [011]FCC // [21̅1̅0]HCP and (111)FCC // (0001)HCP orientation 

relationship. 

 The interaction of deformation twins and stacking faults to L12 precipitates is 

presented in Figure 4-50. The L12 precipitate has different lattice fringes to the matrix. 

A stacking-fault locates at the boundary of matrix and the L12 precipitate. Besides, a 

nanotwin takes the place of the right boundary of matrix and the L12 precipitate. 

However, none of the nanotwins and stacking-faults can be found in the precipitate. 

The results indicate that the precipitate can act as obstacles while deforming. Figure 4-

51 demonstrates curvature boundaries after Hopkinson bar compression. A series of 

complex boundary aggregate together. This phenomenon also originated from the 



doi:10.6342/NTU202302391

147 

 

contribution of L12 precipitates acting like obstacles.  

 

Figure 4-47 Deformation map depends on Zener-Holloman parameter [112]. 

 

Figure 4-48 TEM image of (CrCoNi)94Al3Nb3 after Hopkinson bar compression test with 𝜀̇~5000.  



doi:10.6342/NTU202302391

148 

 

 

Figure 4-49 HRTEM image of (CrCoNi)94Al3Nb3 after Hopkinson bar compression test with 𝜀̇~5000 

(a) HRTEM image (b) deformation twin and HCP characterization (c) FFT of HRTEM in a.  
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Figure 4-50 HRTEM images of L12 precipitate in (CrCoNi)94Al3Nb3 after Hopkinson bar compression 

test with 𝜀̇~5000 (a) HRTEM image (b) deformation twin and stacking-fault characterization (c) FFT 

of HRTEM in a.  
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Figure 4-51 HRTEM image of complex twin boundary in (CrCoNi)94Al3Nb3 after Hopkinson bar 

compression test with 𝜀̇~5000 (a) HRTEM image (b) deformation twin and HCP characterization (c) 

FFT of HRTEM in a. 
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4.5 Conclusion 

 In conclusion, this work investigates the design and characterization of a L12-

precipitate hardening MEA, (CrCoNi)94Al3Nb3. The study aims to improve the strength 

of FCC-based MEAs by introducing uniformly-distributed L12-Ni3(Al,Nb) nano-

precipitates in the FCC matrix. The experimental results and discussions provide 

valuable insights into the microstructure, mechanical properties, and deformation 

behavior of the alloy. 

1. The pre-aging microstructure analysis reveals a recrystallized FCC matrix with 

annealing twins and the segregation of Nb-rich Laves phase. The presence of 

early-stage δ-Ni3Nb at annealing twin boundaries is also observed. The addition 

of Nb effectively inhibits grain growth through pinning and drag effects, leading 

to a fine-grained microstructure. 

2. The aging hardness measurements demonstrate a significant increase in hardness 

after peak aging treatments at 700°C and 800°C. The microstructure 

characterization reveals uniform and dense distributions of L12-Ni3(Al,Nb) 

precipitates within the FCC matrix. The chemical composition analysis confirms 

the presence of L12-rich and L12-depleted regions. The interaction between L12 

precipitates and defects during deformation is observed, indicating the hindrance 
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of defect development by L12 particles. 

3. Tensile tests demonstrate remarkable mechanical properties of the 

(CrCoNi)94Al3Nb3 alloy, including an exceptional yield strength (1412 ± 22 MPa) 

and a superior ultimate tensile strength (1553 ± 45  MPa) with an acceptable 

elongation (7.8 ± 0.94  %). The microstructure analysis of deformed samples 

shows the formation of deformation twins and stacking-faults, as well as the 

influence of δ-Ni3Nb on the deformation behavior. The alloy exhibits high strength 

with limited ductility due to the segregation of Laves and δ phases. 

4. Furthermore, the study provides early-stage evidence of δ-Ni3Nb transformation 

from L12 and the formation of disordered and ordered HCP phases in the FCC 

matrix. The disordered HCP phase is believed to originate from transformation-

induced plasticity during the hot rolling process. The formation of ordered HCP 

precipitates is observed within the HCP matrix. 

 Overall, this research contributes to the understanding of L12-precipitate 

hardening in FCC-based MEAs and sheds light on the microstructural evolution, 

mechanical properties, and deformation mechanisms of the (CrCoNi)94Al3Nb3 alloy. 

The findings suggest the potential for further optimization and development of high-

performance MEAs with improved strength and ductility for various applications. 
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Chapter Five Future Works 

 In this work, uniform and fine nanoscale L12 precipitates were successfully formed 

in the FCC matrix, effectively increasing the yield strength of the FCC-type MEA, 

(CrCoNi)94Al3Nb3 to approximately 1400 MPa. However, there are still areas for 

improvement. 

1. In the tensile tests, the MEA exhibited limited ductility, with only about 8% strain 

to failure. Based on the previous TEM microstructure analysis, the embrittlement 

of the MEA is attributed to the segregation of Nb-rich phases at grain boundaries. 

In this study, two Nb-rich phases, Laves phase and δ phase, were identified. Firstly, 

excessive Nb addition beyond the MEA's supersaturated solubility leads to Laves 

phase segregation. Thus, reducing the Nb content from 3 at% to 1.5 at% below the 

supersaturated solubility is recommended to prevent Laves phase precipitation. 

Secondly, δ phase forms during annealing at temperatures between 750°C to 

1050°C. To avoid δ phase formation, annealing at 900°C for one hour should be 

changed to 1100°C to achieve complete recrystallization and effectively suppress 

δ phase, especially at twin boundaries. In conclusion, reducing Nb content to 1.5 

at% and changing the annealing temperature to 1100°C are expected to mitigate 

the segregation of Nb-rich phases in the MEA. 
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2. Both the tensile and Hopkinson bar compressive tests in this study were conducted 

at 25°C. However, FCC-type MEAs can exhibit lower stacking fault energy and 

are more likely to develop deformation twins and stacking faults at lower 

temperatures, potentially leading to improved mechanical properties. Hence, it is 

recommended to conduct the tensile and Hopkinson bar impact tests at lower 

temperatures. Additionally, during the Hopkinson bar impact tests, the MEA 

exhibits significant energy absorption capacity. Attempts to increase the strain rate 

to explore its behavior at higher strain rates resulted in damage to the strain gauge 

on the Hopkinson bar, which cannot withstand the impact-induced shock waves, 

leading to repeated signal failures. Therefore, it is suggested to use strain gauges 

that can withstand intense shock waves and conduct Hopkinson bar impact tests at 

higher strain rates. 

3. This work suggests that early-stage δ phase appears to evolve from L12 precipitates, 

supported by diffraction patterns obtained from TEM analysis, which shows an 

approximate 10o rotation between L12 precipitates and the FCC matrix. However, 

further atomic EDS analysis is needed to confirm the elemental segregation in δ 

phase. For another phase identification, the study identified the formation of HCP 

phase precipitates in the HCP matrix. To definitively identify the HCP phase, 

observation from three different zone axes is necessary, as a single zone 
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observation may not be sufficient. Therefore, it is recommended to examine the 

HCP microstructure from different orientations. 

4. The FCC matrix contains numerous nanoscale L12 precipitates. However, in this 

study, the precise evaluation of precipitate size and volume fraction's impact on 

material mechanical properties was not performed. It is suggested to use EELS to 

measure the material thickness and assess precipitate density through appropriate 

zone-axis analysis. Furthermore, evaluating the effects of precipitate size and 

volume fraction on material properties would be beneficial.  
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Supplementary Materials Crystal Structures of Phases in 

(CrCoNi)94Al3Nb3 

 
Supplementary Figure 1 Crystal structures of Laves phases [113]. 

 

Supplementary Figure 2 Crystal structure of σ phase. 
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Supplementary Table 1 Crystal structural data of σ phase 

Unit Cell Parameters 

a (Å) b (Å) c (Å) α (degrees) β (degrees) γ (degrees) 

8.80 8.80 4.45 90.0 90.0 90.0 

 

Atomic Position 

Wyckoff Element x y z 

2a A 0 0.68 0 

4f B 0.40 x 0 

8i C 0.46 0.13 0 

8i’ D 0.74 0.07 0 

8j E 0.18 x 0.25 

 

 

Supplementary Table 2 Crystal structural data of δ phase 

Unit Cell Parameters 

a (Å) b (Å) c (Å) α (degrees) β (degrees) γ (degrees) 

4.22 4.53 5.08 90.0 90.0 90.0 

 

Atomic Position 

Wyckoff Element x y z 

2a Ni 0 0.68 0 

2b Nb 0 0.65 1/2 

4e Ni 1/2 0.84 0.25 
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